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ABSTRACT

Creep behaviour of solution-treated and isothermally aged Ni-based superalloy Haynes 282 was investigated in
the temperature and stress range of 750-800 °C and 300-420 MPa, respectively. Ageing was carried out at
750 °C for 46, 470, and 6000 h, resulting in progressive y' precipitate coarsening with negligible grain growth.
Creep deformation occurred predominantly in the steady-state and tertiary regimes. The minimum creep rate,
€min, initially decreased with ageing and reached its lowest value for the 470 h aged alloy, followed by a marked
increase after 6000 h ageing, while rupture life exhibited the opposite trend. The threshold stress corrected-stress
exponent, nef;, of all alloys is between 4-7, indicating that the steady-state creep rate is governed by dislocation
glide mediated climb. Post-creep microstructural analysis revealed precipitate shearing and stacking faults
within y' precipitates in all samples except the 6000 h aged condition, where y' precipitates exhibited nanotwins
and were surrounded by dense dislocation networks. Variations in creep response are explained by changes in
stress required for precipitate shearing or bypass and increasing contribution of dislocation climb in coarser
precipitates. Tertiary creep mechanisms leading to intergranular fracture are discussed in brief, and a critical
appraisal of service life extrapolation methods is provided.

1. Introduction

Haynes 282, a polycrystalline Ni-based superalloy, is considered as a
strong candidate for developing turbomachinery components in gas
turbine engines and advanced ultra-supercritical (AUSC) thermal power
plants owing to their excellent creep strength, fracture toughness,
oxidation resistance, and fatigue strength [1-4]. Since turbomachinery
components operate at 700-750 °C for long durations, the most decisive
factor that determines the utility of the alloy is its creep strength [5,6].
Considering that the average service life of a component in AUSC power
plants is 11 years (or 100,000 h), prior studies have evaluated the creep
strength of Haynes 282 by extrapolating the short to medium-term stress
rupture test data to 100,000 h [7]. In these stress rupture tests, peak-
aged alloys are held at stresses that are higher than the service stress
at different temperatures until failure [5,6]. Thereafter, the rupture
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stress at each temperature is extrapolated for a service life (or rupture
time) or 100,000 h. From this, the minimum stress that an alloy can
withstand for 100,000 h at 700-750 °C is obtained. Alternately, in some
studies, stress rupture testing is performed on peak aged Haynes 282 at
different stresses and temperatures for relatively short durations [5,6,8].
Thereafter, using the Larson-Miller Parameter (LMP) approach, where
the temperature and rupture time are represented as a single parameter,
the maximum permissible service stress for a service duration of
100,000 h and service temperature of 700-750 °C is determined.

In both these extrapolation-based methods, it is assumed that only
one creep mechanism is operative throughout the life of the component.
This assumption ignores the influence of long-term microstructure
evolution on creep behavior [9]. This is particularly concerning in
Haynes 282 as its primary high and room temperature strengthening
phase, y’, progressively undergoes coarsening at the designated service
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temperature. While short-term creep testing captures only marginal
changes in the y’ phase, which does not affect the creep mechanisms,
significant Y’ coarsening after prolonged service can potentially alter the
rate-controlling processes within the dislocation glide—climb controlled
creep mechanism. This change in the rate controlling step in creep
mechanism, which is not accounted for in extrapolation methodologies,
could potentially affect the total creep life. In addition, most studies on
Haynes 282 have so far focused on determining the stress exponents and
estimating activation energies from short-term creep data [6,8,10,11].
While these are useful for understanding the creep mechanisms, they do
not provide the entire gamut of information on mechanisms leading to
creep failure.

Recognizing the importance of long-term microstructural evolution
on the mechanical properties of Haynes 282, our recent studies inves-
tigated the effect of isothermal ageing on its high- and room-
temperature tensile properties, impact properties [4], and room-
temperature fatigue behaviour [12,13]. The aging conditions in these
studies were selected using an accelerated aging (AA) methodology,
which uses the Larson Miller Parameter (LMP) to represent long-term
service exposure at 700 °C for 100,000 h [4]. Based on this approach,
ageing treatments of 6000 h at 750 °C, 470 h at 800 °C, and 46 h at
850 °C were identified as conditions representative of long-term service
exposure. These studies showed that, although the high- and room-
temperature yield and tensile strengths remained comparable across
the aged conditions, significant differences were observed in ductility,
impact toughness, and room-temperature fatigue strength [4,12,13].
These differences demonstrated that ageing-induced microstructural
evolution can substantially influence the mechanical performance of
Haynes 282, even when conventional strength parameters remain rela-
tively unchanged.

An important outcome of these studies was the identification of
microstructure—property correlations associated with y' precipitate
coarsening and carbide evolution, including the influence of y' size on
fatigue strength and the role of carbide networks in ductility and impact
toughness [4,12,13]. However, the influence of ageing-induced micro-
structural changes on the creep behaviour of Haynes 282 has received
comparatively limited attention [8,10,14,15]. In particular, the pro-
gressive evolution of ¥ precipitates and carbide phases during long-term
exposure may alter the deformation and recovery processes governing
creep, which is not accounted for in conventional extrapolation ap-
proaches based on short-term creep data.

To address this research gap, the creep behaviour of solution-treated
and isothermally aged Haynes 282 was investigated at temperatures and
stresses in the range of 750-800 °C and 300-420 MPa, respectively. For
this purpose, the alloy was isothermally aged at 750 °C for 46, 470, and
6000 h. While the specific ageing durations are motivated by our pre-
vious isothermal ageing treatments to supplement the AA strategy, in
this study, they represent ageing timescales that are 3 orders of
magnitude apart. Results indicate that the minimum creep rate de-
creases with increasing ageing duration for up to 470 h, but increases
significantly, when the ageing time is increased to 6000 h. Alternately,
the rupture time follows the opposite trend. Larson-Miller Parameter vs.
rupture stress plots confirm that these trends are similar for the range of
temperatures used in the study. These results are explained on the basis
of subtle changes in the rate controlling step in creep mechanisms owing
to the coarsening of y' precipitates. Finally, a critical appraisal of
extrapolation-based approaches to determine the long-term creep
behaviour of Haynes 282 from short term tests is provided.

2. Materials and methods
2.1. Materials
A polycrystalline y'-precipitation strengthened Ni-based superalloy,

Haynes 282, is procured from M/s Haynes International, USA, in a hot-
rolled and solution-annealed condition at 1050 °C + 30 °C for 1 h,
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followed by water quenching. The hot-rolled and solution annealed
Haynes 282 is henceforth referred to as the As-Received (AR) sample.
The nominal and experimentally measured chemical compositions of
Haynes 282, as provided in our previous study [4], are reproduced in
Table 1. An isothermal ageing treatment is performed on the AR alloy at
750 °C for ageing duration, t, of 46, 470, and 6000 h, and corresponding
aged conditions are referred to as HT46, HT470, and HT6000,
respectively.

2.2. Creep tests

Creep specimens were machined using wire-cut electric discharge
machining (EDM) from the AR and aged plates, with a gauge diameter of
7 mm and gauge length of 35 mm (see Fig. S1), following the specimen
geometry specified in ASTM E8M [17]. The creep tests were conducted
in accordance with ASTM E139 [18]. Note that the tensile loading axis is
along the rolling direction for the samples extracted from AR and aged
plates. Creep tests are performed at temperatures of 750 °C, 775 °C, and
800 °C with rupture stress values ranging from 300 MPa to 420 MPa.
Note that the range of chosen creep stresses is significantly higher than
the service stress of 100-200 MPa. However, this choice is driven by the
condition that the creep rupture time (t) is < 2000 h, which is the
typical limit for acceptable lab-scale creep testing duration [8,18].
During the creep tests, the strain is measured using a clip-on exten-
someter assembly clamped to both ends of the gauge length. This as-
sembly extends as the test progresses and the sample deforms. The
deformation is then translated to the extension of the connecting plates
at the exterior of the furnace, to which a dial gauge is attached at one
end, and a blank plate is present at the other. This dial gauge subse-
quently reads the extension between the connecting plates as a function
of test duration.

2.3. Microstructural characterization

AR and aged samples, both before and after creep deformation, are
subjected to detailed microstructural characterization. For metallo-
graphic investigations, a sequential grinding process is employed, using
emery papers with grit sizes ranging from #300 to #4000, followed by
cloth polishing with a 50 nm colloidal silica suspension. Subsequently,
the specimens are etched using Kallings No. 2 reagent, which consists of
1-gram CuCly, 20 ml HCI, and 20 ml ethanol. Undeformed samples are
sectioned to obtain back-scattered electron (BSE) images along the
normal direction using a JEOL JSM-7800F Prime Field Emission Scan-
ning Electron Microscope (FESEM), which is also equipped with Elec-
tron Backscattered Diffraction (EBSD) and Energy Dispersive
Spectroscopy (EDS) detectors. Additionally, EBSD maps are also ob-
tained on the same plane for detailed analysis of grain morphology. X-
ray diffraction is performed on AR and aged samples using a Rigaku
Ultima IV multipurpose X-ray diffractometer to identify different pha-
ses. Scans were performed in the angular range of 30° to 100° with a step
size of 0.01° s~! using Cu K, radiation. The diffractograms obtained
were further processed and analyzed using the X-pert High Score Plus
software. For HRTEM investigation of creep-deformed samples, thin
foils are extracted from the uniformly deformed gauge section, located
at least 15 mm from the fractured surface. These foils are subjected to
electrolytic thinning in a solution containing 10 % perchloric acid and
90 % ethanol at —25 °C. For metallographic examination of creep-tested
samples, the AR and aged samples tested at 750 °C and 300 MPa are
selected, as they have the highest t,. A JEOL JEM-ARM200F NEOARM
High-Resolution Transmission Electron Microscopy (HRTEM) equipped
with a cold Field Emission Gun (FEG) operating at 200 kV is utilized for a
detailed investigation of dislocation substructure, their interaction with
different microstructural features, and characterization of second-phase
particles. Fractography is also performed on the same AR and aged
creep-tested samples using FESEM.


astm:E8M
astm:E139
https://www.sciencedirect.com/topics/engineering/angular-range
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Table 1

Chemical composition of Haynes 282 [4].
Chemical composition Cr Co Mo Ti Al Fe Mn Si C B Ni
Nominal [16] 20 10 8.5 2.1 1.5 1.5 max. 0.3 max. 0.15 max. 0.06 0.005 Bal.
Actual 18.7 9.7 8.8 2.2 1.5 0.8 0.03 0.07 0.05 0.004 Bal.

3. Results precipitates are measured and listed in Table 2. The large precipitates

3.1. Microstructural characterization of AR and aged Haynes 282

Fig. 1 shows the low and high-magnification backscattered electron
(BSE) images of AR and aged samples. AR sample has 90 + 8 um sized
equiaxed grains. In addition, there are several small and large pre-
cipitates within the grains and at the grain boundaries. The sizes of these

have an average size of 4.5 + 1.8 um, whereas the small precipitates,
which have a brighter contrast, have an average size of 0.35 + 0.1 pym.
Based on our previous work, these precipitates are identified as Ti/Mo-
rich MC carbides and Mo-rich MgC carbides, respectively [4,12,13].
Note that M33Cg carbides and y' precipitates are absent in the AR sample
as the solution annealing treatment is performed at 1050 °C, which is
higher than their solvus temperatures [1,19]. From the inverse pole

A
200 pm

Fig. 1. Representative BSE images of (a) AR, (b) HT46, (c) HT470, and (d) HT6000 samples. (e) to (h) are corresponding high-magnification images of AR, HT46, and
HT470 and HT 6000 samples, respectively. IPF maps of (i) AR, (j) HT46, (k) HT470, and (1) HT6000 samples.



A. Parnaik et al.

Table 2
Microstructural features observed in undeformed AR and aged samples.
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Condition ~ Average grain size (um) d(nm) A (nm) 8 (%) Average MC carbide size Average MeC carbide size Fraction of twin boundary
[4] [4] (pm) (um) length
AR 90+ 8 - - — 45+1.8 0.4+0.1 0.58
HT46 107 + 21 20 + 4 27 + 6 —0.058 5.8+ 1.5 0.5+ 0.2 0.63
HT470 114 £ 21 44 55 —0.067 5.7 +3.0 0.7+ 0.3 0.60
HT6000 163 + 48 120 + 165 + —0.174 40+1.1 0.5+0.2 0.59
27 37

figure (IPF) maps, shown in Fig. 1i, it is evident that the AR sample has a
random texture and a significant number of annealing twins. The area
fraction of the twin boundaries is measured and listed in Table 2. Note
that the area fraction of twin boundaries in the AR sample is ~ 58 % (see
Fig. 1i).

Fig. 1b-h show the low and high-magnification SEM images of the
HT46, HT470, and HT6000 samples. Much like that seen in the AR
sample, the grains of HT46, HT470, and HT6000 samples are also
equiaxed and contain fine and coarse precipitates within them. The
average grain size of the HT46 and HT470 samples are 107 + 21 ym and
114 + 21 pm, respectively, whereas in the HT6000 sample, the grain
size is 163 + 48 um, which is 50 % larger. However, considering the
significant ageing time of the sample, the grain growth can be consid-
ered relatively limited. Interestingly, the size of MC and MeC pre-
cipitates in HT46 sample is 5.8 + 1.5 ym and 0.5 + 0.2 um, respectively,
which is similar to that in the AR sample. Moreover, the average sizes of
MC and M¢C precipitates in HT470 and HT6000 samples are also similar
to those in the AR sample (refer to Table 2). However, at the grain
boundaries of these samples, Cr-rich M33C¢ carbides (labelled with blue
arrows) are observed. In addition, the M23Cg carbides form a continuous
network along the grain boundaries of all samples.

Besides these carbides, all the aged samples contain fine y' pre-
cipitates. In our previous study [4,12,13], these precipitates were
characterized via TEM. The area fraction of y' precipitates in all samples
is 20 %, which matches well with that obtained from the simulated
phase diagram of Haynes 282 (see Fig. S2). In our previous work [4,12],
the size of these spherical precipitates, d, and their interparticle spac-
ings, A, was measured, which is listed in Table 2. In HT46 and HT470
samples, the y' size is ~20 + 4 and ~44 nm, respectively, whereas that
in the HT6000 sample is 120 + 27 nm, which is significantly coarser.
The corresponding A measured for HT46 and HT470 samples are 27 + 6

and 55 nm, respectively. However, for the HT6000 sample, A is 165 +
37 nm, which is significantly higher than those of the HT46 and HT470
samples.

In addition, note that the Mo-rich MgC carbides in HT46 and HT470
samples form at the MC/y interfaces. These MgC carbides (indicated by
white arrows in Fig. 1g) appear bright in BSE images due to the higher
atomic number of Mo. However, in the HT6000 sample, the topologi-
cally close-packed (TCP) p phase, (Ni, Co, Fe);Mog, with a hexagonal
crystal structure, is observed to form at the MC/y-matrix interface, as
indicated by the pink arrows in Fig. 1h and S3. These u- phase exhibit
needle-like morphology, are brittle in nature, and often act as a site for
crack nucleation [20].

Fig. 2 shows the XRD scans of AR, HT46, HT470, and HT6000
samples. Peaks corresponding to the (111), (200), (220), (311), and
(222) planes of the face-centred cubic (FCC) y phase are observed in all
the samples. However, no peaks corresponding to My3Cg, MeC, and MC
phases are observed in the scans. This is the outcome of the fact that the
volume fraction of the carbide phases is lower than the detection limit of
XRD. It is also observed that the peaks of y and y' phases, owing to their
similar lattice parameters, overlap. Average lattice parameters of v, a,
and ', a, are calculated by deconvoluting each unsymmetric peak in the
XRD scan. The representative deconvoluted (200) peaks of y and y'
phases in the HT46, HT470, and HT6000 samples are shown in Fig. 2b-d.
Note that the integrated intensity (area) of the XRD peaks corresponding
to the y and y' phases are in a ratio of 1/5, which reflects the relative
volume fractions of these phases present in the alloy. The lattice misfit,
8, between the y and y' phases is estimated using [21],

2(a, —a,)

'~ Tata) W

Estimated & values are listed in Table 2. & of HT46 and HT470 samples
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Fig. 2. (a) X-ray diffraction patterns of AR and aged samples. Deconvoluted (200) peak of (b) HT46, (c) HT470, and (d) HT6000 samples.
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are —0.058 % and —0.067 %, respectively, whereas that of HT6000 is
—0.174 %, which is significantly higher.

Overall, ageing of the AR sample leads to several microstructural
changes. While increasing ageing time leads to limited but some grain
growth, it leads to the formation of My3Cg carbides at grain boundaries.
Moreover, ageing leads to the reduction in the size of MC carbides and
the evolution of MgC precipitates at the MC/y interfaces. At significantly
longer ageing durations, these MgC precipitates transform to the TCP-u
phases. Ageing also leads to the nucleation of y' precipitates, which
coarsen and their lattice misfit increases with increasing ageing
duration.

3.2. Creep behaviour of AR and aged samples

Creep strain, € vs. time, t, plots for AR, HT46, HT470 and HT6000
samples at different rupture stress, ¢, and testing temperatures, T, are
shown in Fig. S4. In all plots, € increases non-linearly with increasing t.
The rupture strain (g,), time to rupture (t;), and the percentage of creep
life spent in the primary, secondary, and tertiary regimes were deter-
mined from the creep strain-time curves. The minimum creep rate was
estimated from the creep rate-time curves. The corresponding values for
all samples are listed in Table S1. In all the samples, except HT6000,
there is no discernible primary creep regime. In the HT6000 samples, a
discernible but limited primary creep regime is observed, which varies
from 0 to 5 % of the total creep life (see Fig. S4d and Table S1).

In the AR sample, the % life in secondary creep regime is in the range
of 26.3-38.5 %. However, in the HT46 sample, the range of % life in the
secondary regime is 21.4-43.9 %, which is slightly broader. For the
HT470 and HT6000 samples, the range of % life in secondary regime is
33-45.3 % and 47.5-54.3 %, respectively. Overall, the average % life
spent in the secondary regime for AR, HT46, and HT470 is 32 %, 36 %,
and 38 %, respectively. However, % life spent in the secondary regime of
the HT6000 sample is 50 %, which is significantly higher. In contrast, in
the AR, HT46, and HT470 samples, >50 % life is spent in the tertiary
creep regime (see Table S1). The range of % life in the HT6000 sample
spent in the tertiary regime is 41.3-51.5 %, which is also significant but
slightly lower than that of other samples.

Fig. 3a displays rupture stress, o, vs. rupture time, t, plots of AR and
aged samples. At T = 750 °C and 6; = 300 MPa, the t, of AR, HT46, and
HT470 samples are 1253 h, 1413 h, and 1746 h, respectively. However,
in HT6000, t, reduces to 1083 h, which is even lower than the t. of AR
sample. The increase in t. in HT46 and HT470 samples compared to AR
sample and its decrease in HT6000 sample is consistently observed in
samples tested at T =750 °C and o, = 360, 390, and 420 MPa. Moreover,
a similar trend is evident when AR, HT46, HT470, and HT6000 samples
are tested at a constant 6, = 390 MPa, but with varying T = 750 °C to
800 °C, as shown in Fig. 3b. Furthermore, it is noted that at T = 750 °C
and o, > 390 MPa, the difference in t, between HT6000 and the other
samples increases drastically (see Fig. 3a). For instance, at 6, = 420 MPa,
the ¢, of the HT6000 sample is only 59 h, which is about 50 % of that of
the AR sample. In contrast, at 6, = 300 MPa, the reduction in ¢, for
HT6000 compared to the AR sample is only 14 %.

Fig. S5 shows the evolution of creep rate, ¢ with t for AR, HT46,
HT470 and HT6000 samples. Across all the investigated samples, the ¢
initially decreases until reaching a minimum value, which is referred to
as the minimum or steady-state creep rate, ép;,. This is followed by a
steep increase in ¢ in the tertiary stage before failure. The &pn of AR and
aged samples are listed in Table S1. Note that, for AR, HT46, HT470,
and HT6000 samples, the decline in creep rate prior to reaching &y, is
relatively small, which validates the previous assertion regarding the
presence of a limited primary creep regime (see Table S1). Furthermore,
émin consistently increases with an increase in o, or T. Note that for any
combination of T and oy, &y, is similar in the AR, HT46 and HT470
samples. Moreover, &pi, of HT6000 is significantly higher. For example,
at o = 300 MPa and T = 750 °C, the é&,;; of AR, HT46 and HT470
samples are in the range of ~ 1.7-2.3x 10" s™1. In contrast, the HT6000
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sample has an order of magnitude higher &y, of ~ 1.6 x 10% s71. The
same is observed for tests performed at T = 750 °C and o, = 360, 390,
and 420 MPa.

Fig. 4a shows the plot of éniy vs. o; for all the samples. The steady-
state creep behavior of Ni-based superalloys under constant stress and
temperature is well described by Norton-Arrhenius creep law [22],
which is,

émin = AdTexp <‘RTP) )

where A is the material and temperature-dependent constant, n is the
stress exponent, which signifies the rate-controlling steady-state creep
mechanism, Qg is the apparent activation energy for creep, and R is the
universal gas constant. Qg is estimated from the slope of In(éy) vs. (1/
T) plot, shown in Fig. 4b, at 6, = 390 MPa. For the AR and HT6000
samples Qqpp is 290 and 283 kJ/mol, respectively, which are similar to
the reported activation energy for self-diffusion of Ni, which is in the
range of 280-300 kJ/mol [23]. In contrast, Qgp, of HT46 and HT470 are
444 kJ/mol and 470 kJ/mol, respectively, which are significantly
higher.

Furthermore, n values obtained for AR and aged samples are in the
range of 7-10 (see Fig. 4a), which is significantly higher than that
observed in the power law creep regime, where n should be in the range
of 3-7. This suggests that the threshold stress, 6y, formulation can be
applied to interpret the creep deformation behavior of Haynes 282, with
oy representing an effective stress below which the contribution to
creep deformation is negligible. The oy, is estimated by plotting gL nef
versus o, and performing a linear fit. The fitted line is then extrapolated
to a point on the x-axis where 8§§,/n"eﬁ) = 0 (see Fig. 5a). Note that 6y, in
AR and HT46 samples are 59 and 96 MPa, respectively. Moreover, in
HT470 and HT6000 samples, oy, is 154 and 183 MPa, respectively.
Subtracting the contribution of oy, from o;, the effective rupture stress,
oeff is estimated. The plot of €y VS. Oefr is shown in Fig. 5b. The effective
stress exponent, TN, estimated from slope of €nin vs. oefr plot are in the
range of 4.7-5.9, indicating that creep recovery is dominated by a
dislocation-climb-controlled mechanism in all samples.

The o, vs. Larson-Miller Parameter (LMP) plots are shown in Fig. 6a.
LMP for each o; is calculated from [9],

LMP = T{log(t,) + C] 3

where T is the creep temperature in Kelvin (K), t, is the rupture time in
hours (h), and C = 20 is the LMP constant for Haynes 282 [24]. Using
these plots, the permissible stress of service of AR, HT46, HT470, and
HT6000 samples for the expected service life and service temperature
can be calculated. For the service conditions of 700 °C for 100,000 h of
creep, where the latter is equated with t. ~ 10°h, LMP is 24325.
Therefore, 6, of AR and HT46 are 223 and 228 MPa, respectively.
However, HT470 has the highest 6, of 239 MPa while that of HT6000 is
218 MPa, which is the lowest. Regardless, for the service duration of
100,000 h at 700 °C, o, in all samples is higher than the service stress of
100 MPa [16]. This suggests that a factor of safety of 2.2-2.4 is sufficient
for designing components using Haynes 282.

Additionally, for a specified service temperature and stress, LMP
directly scales with t,. Therefore, from the LMP plots it is evident that for
the entire range of temperature and o, HT6000 and HT470 have the
lowest and highest t,. While HT46 has higher t, than that of AR, they are
similar at 6, > 390 MPa. It is also noteworthy that for 6, > 390 MPa, t; of
HT6000 starts dramatically decreasing compared to other samples.

The variations of ¢ iy as a function of t, for AR and aged samples is
shown in the Fig. 6b. These plots indicate that the creep data of all alloys
follow a simple Monkman-Grant relationship [25], which is,

Emintr = Cic @

The product of ¢ nin and t, is Monkman-Grant constant (Cyg). Cug also



A. Parnaik et al.

Materials & Design 271 (2026) 117112

440
(a) T=750°C = AR
v . ne. A e HT46
A HTA70
400 F v HT6000
“y
& 360
<
-
320 |
280 1 .
100 1000
t. (Hours)

810
(b) o, -390 MPa = AR
e HT46
800F v. = N A HT470
e v HT6000
790 |
;G 780 F " %
~— \\V
(1] E
760 F -
750 F
740 b L
10 100
t. (Hours)
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Fig. 4. Variations of (a) minimum creep rate (émin) vs. rupture stress (c,) (b) Plot of In (éy) vs. 1/T for AR and aged samples.

provides a rough measure of the ¢ in the steady state regime, provided
the primary creep life is insignificant. While Cyc of AR, HT46 and
HT470 are similar and in the range of ~0.011-0.017, that of HT6000 is
~0.088, which is significantly higher. Moreover, from these plots, the
&min at the service condition of 700 °C for 100,000 h can be calculated for
all samples. Equating the service life to t. ~ 10°h, é min Of AR, HT46,
HT470 are 3.14 x 10 s71,3.56 x 101! 571, 4.61 x 10" 571, which are
within the same order of magnitude, whereas that of HT6000 is 2.44 x
10719 571, which is much higher.

Overall, ageing of the solution treated sample results in an increase
in creep rupture life with aging duration up to 470 h. However, pro-
longed aging to 6000 h leads to a reduction in creep life compared to the
AR sample. Furthermore, oy, increases with ageing duration. The esti-
mated true-stress exponents of all alloys are in the range of 4.7-5.9,
which implies that steady-state creep is dominated by a dislocation-
climb-controlled mechanism in all samples.

3.3. Microstructural evolution of creep-deformed AR and aged samples

Fig. 7 shows BSE images of creep-tested AR, HT46, HT470, and
HT6000 samples tested at T = 750 °C and o, = 300 MPa. Fig. 7a shows
the microstructure of a creep-tested AR sample. The average grain size of
the creep-tested AR sample is 123 + 14 um, which is slightly higher than
90 + 8 pm in the undeformed sample. In addition, Mo-rich MeC carbides
are observed at the MC/y-matrix interface, highlighted by white arrows
in Fig. 7a. These carbides appear brighter in the Z-contrast BSE image.
The average size of MC carbides in the creep-tested AR sample is 3.5 +
2.0 um, which is slightly smaller than its undeformed counterpart,
whereas M¢C carbides with a size of 0.6 = 0.2 um are slightly coarser
than their undeformed counterparts (refer to Table 3). Moreover, a semi-
continuous network of Cr-rich My3Cg carbides is observed along the
grain boundaries, as highlighted by blue arrows. Within this grain
boundary carbide network, small brighter regions also indicate localized
MgC precipitation.

Fig. 7b, ¢, and d show the BSE images of creep-tested HT46, HT470,
and HT6000 samples respectively, which are tested at T = 750 °C and o,
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= 300 MPa. Average grain sizes of creep-tested HT46, HT470, and
HT6000 creep-tested samples are 112 + 17, 118 + 18, and 170 + 42
um, respectively, which are similar to their corresponding undeformed
counterparts. The grain boundary carbide network is denser and more
continuous after creep rupture in all three samples. Bright regions within
the grain boundary carbide network appear more frequently, indicating
increased precipitation of Mo-rich MgC carbides during creep exposure.
Similar to the AR sample, the average size of MC and MgC carbides in the
creep-tested HT46 sample is 4.6 & 1.0 and 0.9 + 0.3 um, respectively,
which are slightly finer and coarser, respectively, compared to their
undeformed counterparts (see Table 3). Similarly in HT470 and HT6000
sample MC carbides are slightly finer and MeC carbides are slightly
coarser compared to their undeformed samples. A similar trend was
observed in the HT470 and HT6000 sample (see Table 3). Moreover, the
creep-tested HT6000 sample also contains the Mo-rich needle-shaped
TCP-u phase that was observed in its pre-creep testing counterpart.
The y' precipitate sizes and resulting submicroscopic deformation

modes during creep are systematically investigated using high-
resolution transmission electron microscopy (HRTEM) for all creep-
tested samples tested at T = 750 °C and o, = 300 MPa, as shown in
Figs. 8-9. The TEM images of the creep-tested AR sample are shown in
Fig. 8. Fig. 8a shows a High-Angle Annular Dark Field (HAADF) Scan-
ning Transmission Electron Microscopy (STEM) image, obtained along
[011] zone axis, which reveals uniformly distributed spherical y' pre-
cipitates within the y matrix. The corresponding EDS elemental map
shown in Fig. 8al confirms that y' precipitates are enriched in Al, Ti, and
Ni, and hence corresponds to Nis (Ti, Al) phase with L1, crystal structure
[26]. In Table 3, d and A of y' precipitates in AR sample are listed. They
are 60 £+ 15 nm and 83 + 21 nm, respectively. Note that prior to creep
testing, AR sample is devoid of y' precipitates, suggesting that y' pre-
cipitation occurs during creep exposure at T = 750 °C for t, = 1253 h.
Additionally, Fig. 8b shows the lattice fringes of the y matrix and the y'
precipitate. The corresponding Fast Fourier Transform (FFT) obtained
from green and blue dashed regions is shown in Fig. 8b1l and 8b2,
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Fig. 7. Representative BSE images of creep-tested samples tested at T = 750 °C and o, = 300 MPa for (a) AR (b) HT46, (c) HT470, and (d) HT6000.

Table 3
Microstructural features observed in creep-tested AR and aged samples.
Condition  Average d A 8 (%) Average Average
grain size (nm) (nm) MC MeC
(um) carbide carbide
size size
(um) (um)
AR 123 + 14 60 + 83 + —0.191 3.5+20 0.6 £0.2
15 21
HT46 112 £ 17 73 + 101 —0.234 4.6 +£1.0 09+0.3
13 +18
HT470 118 +£18 90 + 124 —0.312 3.2+1.0 1.1+0.2
17 +23
HT6000 170 + 42 137 189 —0.391 25+0.8 0.8+0.3
+ 27 +37

respectively. The FFT1 in Fig. 8b1 is obtained within the y' region, which
displays distinct superlattice reflections (highlighted by green circles),
which is characteristic of the ordered L1, structure. In contrast, the FFT2
in Fig. 8b2 is obtained from the y matrix shows the absence of such
superlattice reflections. The lattice parameters a,, and a, estimated from
the FFTs are 3.620 + 0.068 A, and 3.610 + 0.026 A, respectively and &
estimated using eq. (1) is —0.277 %. However, note that & estimated
from TEM are expected to overestimate the misfit of the bulk material
[27]. This is because, the preparation of TEM samples involves thinning,
which relaxes the native coherency stresses between the y' precipitate
and the matrix. Therefore, XRD analysis is performed on creep-tested
samples to obtain § for the bulk material, which are presented in sec-
tion S1 and listed in Table 3. The § estimated from XRD is —0.191 %,
which is lower than that obtained from FFT but significantly higher than
that of undeformed AR sample. Fig. 8c shows the Dark Field (DF) TEM
image of dislocations interacting with y' precipitates. The alternate
bright and dark bands observed within the y' precipitates indicate that a
pair of dislocations shears the y' phase, as marked by white dashed

circles in Fig. 8c. Fig. S6 shows ~2 nm wide stacking faults within y
matrix.

Fig. 9a-c shows the TEM images of a creep-tested HT46 sample. In
Fig. 9a, the STEM image reveals a uniform distribution of y' precipitates
within the y matrix. The measured d, and A of y' precipitates, listed in
Table 3, are 73 + 13 nm and 101 + 18 nm, respectively. Note that the y'
precipitate size in the HT46 sample prior to creep testing was only 20 +
4 nm, suggesting that they coarsen during creep exposure to t, = 1413 h.
Moreover, § of these y” precipitates is —0.234 % (see Table 3 and section
S1). Note that the § has significantly increased compared to its unde-
formed counterpart, which is —0.058 %. Moreover, much like that
observed in the creep-tested AR sample, several stacking faults are
observed in the y matrix of the creep-tested HT46 sample (see Fig. S6b),
alternate dark and bright bands within the y' precipitates are visible in
the DF-TEM image (see Fig. 9b), and dislocation tangles are observed in
the HAADF-STEM image (see Fig. 9¢).

Similarly, the TEM images of the creep-tested HT470 sample are
shown in Fig. 9d-f. The measured values of d, and ) of y' precipitates are
90 + 17 nm, 20 %, 124 + 23 nm, respectively (see Table 3). Note that
after creep while d has increased in size by ~2 times, A has increased by
~2.5 times compared to that in the undeformed condition (see Table 2).
§ of the creep-tested HT470 sample is —0.312 % (see Table 3 and section
S1), which is ~5 times higher than that observed in its undeformed
counterpart. Additionally, Fig. 9e-f and Fig. S6c reveal that the micro-
structural features on the creep-tested HT470 sample are similar to that
in the creep-tested HT46 sample.

Finally, Fig. 9g-i shows the TEM images of the creep-tested HT6000
sample. The uniformly dispersed y' precipitates have d and A of 137 +
27 nm and 189 + 37 nm, respectively. Note that compared to that in the
undeformed condition of the HT6000 sample, the y' precipitates have
only marginally coarsened and have an increased separation from 120
+ 27 nm and 165 + 37 nm, respectively. The corresponding & is —0.391
%, which is significantly higher than that in the undeformed HT6000
sample (see Table 2). Moreover, Fig. 9h-i show the HAADF-STEM images
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Fig. 8. Representative TEM micrographs of creep-tested AR samples tested at T = 750 °C and ¢, = 300 MPa (a) HAADF-STEM image of y' precipitates and (al)
corresponding EDS elemental map. (b) Lattice fringes of y matrix and y' precipitates and corresponding FFTs of region delineated by (b1) green dashed line, (b2) blue
dashed line, (c) DF-TEM image. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)

of the creep-tested HT6000 sample. Unlike that seen in AR, HT46 and
HT470 samples, dislocation loops are observed around y' precipitates
and no alternate bands are observed within y' precipitates. In addition,
nanotwins are observed within the y' precipitates, as highlighted by the
yellow arrows. In addition to these, stacking faults are observed in y
matrix, which is similar to that observed in other creep tested samples
(see Fig. S6d).

Overall, microstructural analysis of creep-tested AR and aged sam-
ples reveals that grain size remains largely invariant during creep
exposure, while grain boundary carbide networks become denser and
more continuous, with increased Mo-rich MgC precipitation in aged
samples. y' precipitates evolve and coarsen during creep exposure along
with increase in lattice misfit between y and y’ phase. Creep deformation
is dominated by dislocation-precipitate interactions, where alternate
dark and bright bands within y' precipitates are observed in AR, 46 h,
and 470 h aged samples, whereas in 6000 h aged sample, dislocation
loops around v' precipitates are only observed.

3.4. Coarsening of y' precipitates

During isothermal ageing of AR, y' precipitates form and undergo
coarsening, which manifests as the increase in d for samples aged at 46,
470 and 6000 h (HT46, HT470 and HT6000). Fig. 10 shows the varia-
tions of d with equivalent aging time (t,,) in Haynes 282. For isother-
mally aged samples, t,, corresponds to t,. Also, d of all the samples,
creep-tested at T =750 °C and o, = 300 MPa, are included in the plot. To
ensure equivalence with isothermal annealing data, t,, of individual
creep-tested samples is the sum of its t; and ¢,.

The data-points corresponding to d from isothermally annealed
samples and creep-tested samples are represented by black and red solid
circles, respectively. The classical Lifshitz-Slyozov-Wagner (LSW) theory
[26] of precipitate coarsening is,

d3 - dg = kteq (5)

where d, is the y' precipitate size at t,; = Oh. Note that eq. (5) fits all the
data reasonably well, indicating that y' coarsening during both creep and
isothermal ageing are well-represented by the LSW precipitate coars-
ening model [28]. This indicates that precipitate coarsening is primarily

sensitive to testing temperature and is broadly independent of the
applied stress during creep.’

3.5. Fracture surface morphology

Fig. 11 displays the fracture surface morphology of creep-tested AR,
HT46, HT470 and HT6000 samples tested at T = 750 °C and o; = 300
MPa. The SEM image of the creep-tested AR sample shows a rough,
intergranular fracture surface with ductile dimples observed at higher
magnification (see Fig. 11a and b). In addition, some creep cavities can
be observed on the rough fracture surface, and within these cavities,
fragments of second-phase particles are visible. This suggests that creep
cavities form around second-phase particles, primarily around MC car-
bides (see Figs. S7 and S8). Similar fracture features are observed in
HT46, HT470, and HT6000 creep-tested samples. In addition, creep
cavities form at the interface between MgC and primary MC carbides via
interfacial decohesion (see Figs. S7 and S8).

4. Discussion
4.1. Microstructural evolution

Hot-rolled Haynes 282 forms coarse supersaturated equiaxed y
grains on solution treatment at 1050 °C. Note that y' precipitates are
absent in this condition as the treatment temperature is higher than the
solvus temperature of y' precipitates and grain boundary My3Cg car-
bides. Moreover, Haynes 282 has a low stacking fault energy, ysr of 27
mJ m 2 [12], which leads to the formation of annealing twins during
strain relief [29]. This explains the presence of equiaxed y grains with
primary MC and a small fraction of M¢C carbides in the AR sample (see
Fig. 1a and e).

! This inference is made for d measured from samples creep tested at 750 °C
and 300 MPa and is therefore arguably representative of the other creep testing
conditions where the temperature of testing is +50 °C and applied stress is in
the range 300-420 MPa. For other conditions, more systematic investigations
are necessary.
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Fig. 9. Representative TEM micrographs of creep-tested HT46, HT470, and HT6000 samples tested at T = 750 °C and 6, = 300 MPa. STEM image of y' precipitates in
(a) HT46, (d) HT470, and (g) HT6000 samples. DF-TEM and HAADF-STEM images of (b, ¢) HT46, (e, f) HT470 and (h, i) HT6000 samples.

On ageing, grain boundary carbides and y' precipitates nucleate in
the y grains. Moreover, limited grain growth occurs even after long-term
ageing due to the precipitation of M33C¢ carbides along grain bound-
aries, which exerts Zener drag on them. The similar grain size of AR,
HT46, HT470 and HT6000 samples is attributed to this effect (see
Fig. 1i, j, k, I and Table 2). Simultaneously, ageing promotes y' precip-
itation and subsequent coarsening via Ostwald ripening. Previous
studies have shown that the y' precipitates share the {100}y'||{100}y and
(100)y'||(100)y orientation relationship with the y matrix. Owing to this,
when precipitates are fine, they are coherent with the matrix. On
coarsening, the differences in the lattice parameters of y and y' leads to
the development of interface strain, which leads to progressive loss of
interface coherency. The progressive increase in & of the y'/y interface
with increasing ageing duration of aged Haynes 282 is attributed to this
effect (see Table 2 and Fig. 2). In previous studies, it has been shown that
y'/y interface becomes incoherent when the & is >1 % [30-32]. How-
ever, amongst the aged samples in this work, the maximum measured &
of the y'/ y interface is only —0.174 %, which corresponds to that in the

10

HT6000 sample (see Fig. 2). This implies that the y'/ y interfaces in all
the aged samples, HT46, HT470 and HT6000, are coherent or semi-
coherent. Additionally, prolonged ageing at 750 °C leads to segrega-
tion of Mo at the periphery of primary MC carbides, promoting their
progressive degeneration and the formation of Mo-rich MgC carbides at
the MC/y interface (see Fig. 1g). This MC — MgC transformations, driven
by refractory element redistribution, has been widely reported in Ni-
based superalloys [33]. With further aging for 6000 h, MgC carbides
transform into needle-shaped TCP-u phases (see Fig. 1h) [20].

4.2. Deformation mechanisms

In polycrystalline Ni-based superalloys, such as Haynes 282, the
initial stage of creep deformation, in the temperature and stress range
employed in this study, is characterized by dislocation multiplication
and strong interactions between dislocations and y' precipitates [34,35].
The accumulation and interaction of dislocations progressively increase
the internal resistance to deformation, resulting in strain hardening and
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a reduction in the creep rate during primary creep. As the dislocation
density increases, recovery processes, particularly dislocation climb,
become increasingly relevant and progressively counteract the strain-
hardening effect. Consequently, the primary creep regime becomes
very short or difficult to distinguish. The absence of a primary creep
regime in HT46 and HT470 samples is attributed to this effect (see
Table S1). In HT6000 sample, the primary creep regime is present but
comprises only ~1-5 % of the total creep life. The presence of this
primary regime can be attributed to its higher A compared to that in
other samples. This is because higher A\ allows dislocations a higher
mean-free path before they are pinned by precipitates. Interestingly AR
sample, which has no y' precipitates initially also exhibits no primary
creep strain. However, note that during creep testing, within 8 h, 15 nm
fine precipitates nucleate in the matrix (see Fig. 10), which act as strong
pinning points for dislocations. Consequently, primary creep regime is
also absent in the AR sample. Therefore, creep in all the samples directly
initiates in the steady state regime.

Additionally, the pinning of dislocations by the y' precipitates re-
quires additional stress for dislocation detachment to occur, which
manifests as oy,. Previous reports have shown that oy, in Ni-based su-
peralloys increases with increasing d [34]. This is attributed to the fact
that for dislocations to detach from the y' precipitates, it has to undergo
glide across or climb over the y' precipitates. Since the energy required
to climb over or glide across larger precipitates is the product of the
force on the dislocation and distance travelled, detachment from a
precipitate with higher d, requires higher energy and hence higher oy,.
In addition, dislocation trapping is more pronounced at semi-coherent
or incoherent y and vy' interfaces than at coherent interfaces [35]. This
is because, larger y' precipitates have higher § which helps in trapping
dislocations more effectively. In addition, Kumar et al. [34], observed
that selective segregation of Mo, Cr, and Co occurs near larger y' pre-
cipitates compared to smaller ones, which exerts a stronger pinning
force on the dislocation, which in turn also elevates oy,. These effects
explain the highest 64, of HT6000, followed by that of HT470 and HT46
(see Fig. 5a).

After dislocation detachment, steady-state creep occurs, where the
strain hardening is balanced by recovery processes. It is worth noting
that a true steady state regime is only defined when the microstructure
remains invariant. Therefore, since there is continuous microstructural
evolution during creep testing of all the samples, a true steady state
regime cannot be defined. Alternately, émin, will be used as the appro-
priate parameter to nominally represent the steady-state creep defor-
mation in all the following discussions. Creep recovery occurs via the
dislocation climb-controlled creep mechanism, where dislocations un-
dergo glide followed by climb to undergo mutual annihilation [36]. Note
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that since glide and climb are sequential processes, &nin is influenced
strongly by the rate of dislocation glide, which was also noted in our
previous study on Inconel 740H [35]. In the context of glide rate, the
balancing strain hardening mechanism during steady-state creep is the
interaction of dislocations with y' precipitates, which is summarized as
follows. In the FCC-y matrix, dislocations of the type a,/2 < 111 > glide
on {111} planes. However, owing to the moderately low ysr of Haynes
282, which is in the range of 20-40mJ m~2, the dislocation dissociates
into two a, /6 < 112 > Shockley partials, which are separated by a
stacking fault. The appearance of stacking faults in all creep-tested
samples is attributed to this effect (see Fig. S6). If the y' precipitate is
coherent, it can be sheared by the partial dislocations. However, the
strengthening from precipitate shearing depends on d and the width of
the stacking fault, Wy (or separation between partials). If d is similar to
W, shearing occurs via the ‘weak pair-coupling’ mechanism, where the
leading partial individually shears the precipitate. This shearing by a
partial dislocation leads to the formation of an anti-phase boundary
(APB) that has higher energy than the stacking fault, owing to the
disruption of chemical disordering in the y' precipitate. The chemical
order is restored, and APB is annihilated when the trailing partial sub-
sequently shears the precipitate. If Wy is large enough, such that the
leading partial exits the precipitate and shears another precipitate
before the trailing partial can exit the previously sheared precipitate,
another APB forms. The formation of these multiple APB bands appears
as alternate dark and bright contrast bands in DF-TEM images [37]. Such
bands were indeed observed in the creep-tested AR and HT46 samples
(see Figs. 8 and 9).

The stress for shearing y' precipitate by the weak pair-coupling
mechanism, Ty, is [37],

1

|:<6YAPde> 2 —f}
nGb?
where yapp is the antiphase boundary energy, which is 0.18 J m~2 for y'
in Haynes 282 [12], b is the Burgers vector of Shockley partials, which is
0.145 nm [38], f is the volume fraction of y' precipitates, which is 20 %
and G is the shear modulus of Haynes 282, which is 63 GPa at 750 °C
[38]. The variations of T, as a function of d is shown in Fig. 12. Note that
Ty increases with increasing d. This is because, as d increases, the APB
formed within the precipitates spans over a larger area. Since there is an
energy penalty associated with increased APB energy, the motion of the
leading partial is inhibited and a higher applied stress is required for
further shearing, which in turn enhances 1. Previous studies have re-
ported that the weak pair coupling mechanism is typically active d is in
the range of 5-25 nm [37].

When d is significantly larger than Wy, shearing occurs via the
‘strong pair coupling’ mechanism. In this case, the Shockley partials
move in a coordinated manner and remain within the same precipitate
during shearing. The corresponding shear stress for strong pair coupling
[371, T, is

1
_ [3(2Gb\ 2w [ (ayappd 2
TS‘\g<T)ﬁg<(waz -1

here, w accounts for the elastic interactions between partials, which is
parameterized as a non-dimensional number equal to unity. Since the
leading and trailing partials move together in a coordinated manner, the
APB formed during shearing does not extend beyond their separation
distance. Fig. 12 shows the variations of 7, as a function of d. It can be
observed that 15 increases with increasing d. To understand this, note
that the relationship between d and A is [37],

-2y

Eq. (8) indicates that when d increases, A also increases, which implies
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Fig. 11. Fracture surface morphology of creep-tested samples tested at T = 750 °C and o, = 300 MPa (a) and (b) AR samples, (c) and (d) HT46, (e) and (f) HT470,

and (g) and (h) HT6000 samples.

that dislocations encounter fewer precipitates along their path, which
reduces the frequency of shearing events. Consequently, the resistance
to dislocation motion decreases, which in turn, explains the decrease in
Ts.

Typically, if the y' precipitates are semi-coherent, shearing via the
strong pair coupling mechanism is expected to be operational. In this
study, d in the AR and HT46 samples increases from 0 nm to 60 + 15 nm
and 20 + 4 nm to 73 + 13 nm, respectively (see Fig. 10). This implies
that dislocations initially cut precipitates in both samples via the weak
pair coupling mechanism. However, after d exceeds 25 nm in both

12

samples, the precipitates remain semi-coherent with the matrix as the 8
of y' precipitates in them is still <1 % for the entire duration of creep
testing (see Table 3). Therefore, when d exceeds 25 nm in AR and HT46
samples, the shearing of precipitates occurs via the strong pair coupling
mechanism. Similarly, d of the HT470 sample increases from 44 nm to
90 + 17 nm during creep testing (see Table 2 and Table 3), which im-
plies that even initially the precipitates are too coarse to undergo
shearing via the weak coupling mechanism. However, for the entire
duration of creep testing, § of y' precipitates remains below ~1 % (see
Tables 3 and section S1), suggesting that the precipitate-matrix interface
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remains semi-coherent. This implies that while the dislocations will still
shear the precipitates in the HT470 sample, only the strong coupling
mechanism is active during its creep deformation. Similarly, the inter-
face between y' precipitates and the matrix in HT6000 is also semi-
coherent over the entire duration of creep testing as its & does not
exceed 1 % (see Table 3). Therefore, since HT6000 has precipitates with
d in the range of 120 + 27-137 + 27 nm during creep, the strong
coupling mechanism is expected to be active in it. Interestingly, the y'
precipitates in the creep-tested HT6000 sample are largely unsheared
and there is evidence that dislocations have rather bowed or bypassed
them (see Fig. 9i). Moreover, the precipitates in the creep tested HT6000
sample contain nano-twins, which are otherwise absent in other creep
tested samples (see Fig. 9i).

The formation of nanotwins during creep of Ni based superalloys has
also been reported in some previous studies [39-41]. Knowles and Chen
[42] noted that twins in y' precipitates evolve from super intrinsic
stacking faults (SISF) or super extrinsic stacking faults (SESF) when
super partial dislocations operate over every adjacent plane or alternate
plane in the y' superlattice. However, they determined that a nanotwin
nucleates in y' precipitate only when it exceeds a critical size, d..
Considering the change in free energy during the formation of a stacking
fault (AE) within y' precipitates depends on d, they derived the expres-
sion [42],

21412
g = ©

bt — v

Where c is the number of atomic layers in the nucleus, which is equal to
1[42] and  is the resolved shear stress, which is 0.47 times the o, [42].
Using Eq. (9), d. for Haynes 282 is 94 nm. Note that in all creep tested
samples, except HT6000, d < d, (see Table 3). This explains the selective
formation of twins within y' precipitates in the HT6000 sample after
creep testing. Additionally, we believe that the absence of precipitate
shearing in HT6000 is an outcome of twin formation within y' pre-
cipitates. Note that owing to the coherence of the y'/y interface in
HT6000 samples, some dislocations from the y matrix initially enter the
y' precipitates. However, once the stacking faults associated with these
dislocations transform to twins, there is local lattice reorientation within
the y' precipitate. This lattice reorientation prevents continued slip of
more dislocations across the sheared plane of the y' precipitate. Conse-
quently, to accommodate creep strain, dislocations bypass the pre-
cipitates via the Orowan looping mechanism, which explains the lack of
precipitate shearing in the HT6000 sample. The stress required for dis-
locations to bypass y' precipitates via Orowan looping, 7, is,
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To = Gb (10)

1
d (a)z
2\ 3f

The variations of 1p as a function of d is shown in Fig. 12. Note that
increase in d leads to a decrease in tg as there are wider channels
available for dislocations to bow out and bypass the precipitates. It is
important to note that 1 is strongly influenced by the y' volume fraction.
For many single-crystal superalloys with a high y volume fraction, the
calculated 1o exceeds T, thereby suppressing the transition from pre-
cipitate shearing to dislocation looping [43]. However, owing to its
lower y' volume fraction, Haynes 282 exhibits a lower 7y, allowing the
shearing-to-looping transition to occur (see Fig. 12).

On the basis of the preceding discussions, the influence of ageing on
dislocation glide resistance is summarized as follows. In Fig. 12, vertical
dashed lines corresponding to the initial d and precipitate size at the end
of steady-state creep stage, de, which is estimated from eq. (5) and
Fig. 10 (see Table S2), in AR, HT46, HT470 and HT6000 samples, creep-
tested at T = 750 °C and o; = 300 MPa are superimposed. Between these
dashed lines, the operative strengthening mechanisms in each sample
can be determined. In the AR and HT46 sample, the weak pair coupling
mechanism is initially dominant, which means that the resistance to
glide increases with creep duration. After d increases to 25 nm, the
strong pair coupling mechanism is activated which leads to reducing
glide resistance with increasing creep duration, which leads to the onset
of tertiary creep. In the HT470 sample, only the strong pair coupling
mechanism is active for the entire creep duration, which implies that the
glide resistance continuously increases with increasing creep duration.
In contrast, Orowan looping provides dislocation glide resistance in the
HT6000 sample for the entire duration of creep. Note that the glide
resistance due to Orowan looping is significantly lower than that pro-
vided by weak pair and strong pair coupling mechanisms, that are
operative in other samples. The significantly higher &, of the HT6000
sample, compared to other samples, at T = 750 °C and o, = 300 MPa is
attributed to this effect (see Table S1). Similarly, note that the glide
resistance of HT470 sample is lower than that of HT46 over the entire
duration of creep testing. However, this observation appears contra-
dictory to the fact that HT470 sample has the lowest &, (see Fig. S5 and
Table S1). This discrepancy is resolved by considering that the rate of
dislocation climb, which also instrumental in determining the overall
&min, 1S lower when d is higher. Note that dislocation climb involves
diffusion of vacancies or atoms to the dislocation line so that it can
escape the obstacle, which in this case, is the y' precipitate. Conse-
quently, dislocation climb rate is controlled by the diffusion rate of
atoms and vacancies. Therefore, if d is larger, a larger number of atoms
and vacancies need to diffuse to the dislocation for climb to occur, which
in turn reduces the dislocation climb rate. Based on this argument, the
dislocation climb rate in the HT470 sample, owing to its larger d, is
expected to be considerably lower compared to that in HT46 sample.
This decrease in the climb rate compensates for the higher rate of
dislocation glide in the former and reduces its &p;,, compared to that of
the latter. By extension, it can also be argued that the climb rate in the
HT6000 sample, which has the largest d, amongst all sample, is expected
to be lowest, which in turn should lower its &y,;;. However, it appears
that when d exceeds a certain limit, rate of dislocation glide becomes a
more dominant factor in determining é,;,. This is possibly due to the fact
that precipitate coarsening widens the y channels sufficiently to facili-
tate easier glide (see eq. (8)). Therefore, glide will have a greater
contribution to creep strain compared to dislocation climb. This argu-
ment is further supported by the fact that Qgyp, which is a strong
descriptor of the underlying creep mechanism, of the HT6000 sample is
significantly lower than that of HT46 and HT470. Consequently, we
hypothesise that the slower rate of dislocation climb does not compen-
sate for the higher rate of glide in the HT6000 sample, which results in
its high é&pn.
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Although the above-mentioned analysis has been performed for a
specific combination of T and oy, it is expected to be broadly valid for all
the conditions considered in this work. This argument is supported by
the fact that the LMP plots of all samples, except that of HT6000, have a
single slope, which indicates that there is not a significant mechanism
shift at any T and o, (see Fig. 6a). Also, the change in the slope of the
LMP plot of the HT6000 sample at 6, ~ 390 MPa could be related to the
above-mentioned shift in the rate controlling step from climb to glide in
the dislocation glide and climb controlled creep mechanism.

4.3. Creep failure and other considerations

Creep deformation in the tertiary regime is primarily governed by
growth of voids and microcracks, as well as progressive microstructural
instability [44,45]. These processes lead to strain localization that ulti-
mately result in rupture. In general, while tertiary creep is characterized
by crack initiation at the interface between carbides and the y matrix
followed by intergranual fracture (see Fig. S7a, S7e, and S8a), the
failure mechanism depends on the thermal exposure of the alloy leading
to rupture. In moderately aged alloys that are creep tested, MC carbides
undergo some plastic deformation during creep. This was reported by Ge
et al. [46] based on their observations of dislocations and shear offsets at
the MC/y interface. Furthermore, significant chromium segregation
along these dislocations, combined with sustained dislocation climb,
promotes the partial internal decomposition of MC carbides to My3Cg.
The resulting transformation leads to crack initiation at these locations
[46]. The observation of fractured partially decomposed primary MC
carbides in the BSE images of the AR and HT46 samples lends support to
this mechanism. This is further confirmed by the presence of irregularly
shaped cavities, of sizes comparable to those of primary MC carbides
(see Fig. 11a and c) in AR and HT46 samples.

In more long-term aged samples, MC carbides decompose to M¢gC
carbides. These partially coherent MgC/MC interfaces have high strain
energy, which serve as preferential sites for crack nucleation and pro-
mote interfacial decohesion. These cracks eventually propagate along an
increasingly dense and continuous network of grain boundary carbides
leading to intergranular fracture. The observation of faceted surfaces in
HT470 and HT6000 samples are attributed to this effect (Fig. 11e—f and
g-h). Interestingly, while the HT6000 sample contains the hard and
brittle TCP-p phase, there is no evidence to support that it initiates creep
fracture.

Before closing, it is important to discuss the implications of the re-
sults on current methodologies used for determining the long-term creep
strength and rupture life of alloys. While the use of extrapolation
methods is sometimes necessary, it is important to account for changes
in the rate-controlling step within the creep mechanism to appropriately
calibrate such extrapolations. In the present study, it is evident that just
after being in service for 6 % of the total expected service life, there can
be unexpected changes in the microstructure that can affect the creep
behaviour of the alloy. One more interesting outcome of this study is
that the growth of y' precipitates is significantly more sensitive to
thermal exposure compared to the applied stress (see Fig. 10). This en-
ables damage accumulation or creep models that simulate overall creep
behaviour or provide end-of-life projections to consider temperature and
duration of service exposure as more critical parameters that dictate
microstructural evolution.

5. Conclusion

The creep behavior of Haynes 282, in the solution-treated and three
isothermally aged conditions, i.e., 750 °C for 46 h, 470 h, and 6000 h, is
investigated temperature and stress range of 750-800 °C and 300-420
MPa. Some of the key conclusions of the study are as follows.

1. Isothermal ageing leads to progressive growth of y' precipitates and
the development of dense and continuous grain boundary carbide
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network with increasing ageing duration. The grain size changes
marginally from 90 + 8 to 163 + 48 um after 6000 h of ageing.

2. Creep tests reveal that the primary stage of creep is absent and the
secondary and tertiary creep stages have similar spans. The mini-
mum creep rate, £min, decreases with ageing duration up to an ageing
duration of 470 h but increases dramatically for the 6000 h aged
sample. Larson-Miller Parameter plot and Monkman-Grant plot
confirm that these trends are valid over the entire temperature and
stress range of testing.

3. In the steady-state regime, artificially high values of n, were
observed, indicating the presence of a threshold stress. The threshold
stress increases with increasing ageing duration. On accounting for
threshold stress, the effective stress exponent, neg is in the range of
4.7-5.9, which confirms that dislocation glide mediated climb is the
rate-controlling mechanism during steady-state creep.

4. Post creep microstructural investigation reveals that y' precipitates
coarsen during creep. However, the precipitate coarsening kinetics
during creep and isothermal annealing overlap, suggesting that the
influence of stress is limited. y' precipitates in all samples except the
6000 h aged sample appear to be sheared by dislocations and contain
stacking faults. In contrast, the y' precipitates in 6000 h aged sample
contains nanotwins and are surrounded by dislocation networks.

5. Creep deformation is governed by the balance between glide/climb
assisted recovery and strain hardening stemming from obstruction to
the same. The glide resistance evolves from weak to strong pair
coupling and ultimately to Orowan looping with increasing y' size.
Thus, y' coarsening does not alter the fundamental dislocation gli-
de—climb controlled creep mechanism but changes the relative
contribution and rate-controlling role of glide and climb, resulting in
the observed variations in creep behavior.

6. Tertiary creep is governed by void nucleation, growth, and micro-
structural degradation, leading to accelerated deformation and
rupture. In AR and 46 h aged samples, cracks initiate at MC carbide—y
interfaces due to elastic and thermal mismatch and propagate along
grain boundary carbides, causing intergranular failure. In 470 and
6000 h aged samples, MC carbides transform to MeC, creating high-
energy interfaces that promote cavity formation and crack propa-
gation along dense grain boundary networks.

7. Life assessment methods involving creep-life extrapolation must be
performed with caution and with consideration of changes in the
rate-controlling processes within the dislocation glide-climb
controlled creep mechanism arising from continuous y' precipitate
evolution.
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