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ABSTRACT

Crystalline-amorphous nanolaminates (C/A NLs) have long been conceived as static composites, with their performance predetermined by layer thickness and phase
fractions. Here, we introduce a paradigm shift that transforms these materials into chemically adaptive systems through oxygen dynamic partitioning. By harnessing
interstitial oxygen as an in-situ chemical modulator, we show that NLs can reconfigure their local chemistry during deformation, evolving from a preset structure into
a self-optimizing system. We realize this concept in FeCrNi-O/TiVNbHf-O NLs, where deformation drives oxygen redistribution from the amorphous layers and
interfaces to the crystalline layers, increasing oxygen content by 1.55 at.% and amplifying intralayer chemical inhomogeneity without forming oxides. This dynamic
chemical evolution progressively strengthens the crystalline phase, reduces the mechanical mismatch between the two layers, and facilitates coordinated deformation
throughout the entire architecture. As a result, the two phases achieve a dynamic convergence in mechanical behavior, not by design but by evolution. This chemo-
mechanical coupling yields exceptional performance, delivering an ultrahigh yield strength (~E/30, approaching the theoretical limit ~E/10) alongside a homo-
geneous compressive strain exceeding 50%, with no shear band formation. The approach is broadly applicable across alloy systems and establishes chemical
reconfiguration as a new design paradigm for materials that adapt rather than merely serve as passive constituents.

Introduction

Nanocrystalline metals and metallic glasses (MGs) typically exhibit
high strength but limited homogeneous deformation [1,2]. Their crys-
talline-amorphous nanolaminates (C/A NLs), by contrast, combine high
strength with considerable plasticity [3-5]. In these layered architec-
tures, the crystalline-amorphous interfaces (CAIs) function as both
efficient dislocation sources and high-capacity sinks, suppressing strain
localization in the crystalline phase while activating distributed shear
transformation zones (STZs) in the amorphous layers through disloca-
tion absorption [6-8]. This CAl-mediated slip transfer mechanism,

combined with the size-confined suppression of mature shear bands,
underlies the strength-plasticity synergy of C/A NLs. However, the
upper region of the Ashby plot, where ultrahigh strength coexists with
large homogeneous strain, remains sparsely populated for nano-
laminates, mirroring the challenge faced by other structural materials.
When conventional crystalline alloys serve as the constituent layers, C/A
NLs can attain a yield strength of ~ 2.5 GPa with nearly 50% homoge-
neous compressive strain [5]. Replacing them with complex concen-
trated alloys (CCAs) raises the yield strength to ~ 3.6 GPa, yet the
homogeneous strain drops sharply to ~ 15% [9]. Although further
optimization can be achieved through layer thickness engineering
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[10-12], an intrinsic strategy that simultaneously strengthens the
composite and preserves its deformability remains essential.

A promising direction has emerged from recent studies on interstitial
alloying. When introduced at appropriate concentrations, interstitial
can occupy a state between random solid solution and ceramic precip-
itation, creating unique nanoscale chemical inhomogeneity in metallic
matrices. This manifests as uniformly dispersed covalent bonds or or-
dered interstitial clusters [13-18]. Such interstitial-mediated chemical
heterogeneities generate a rugged energy landscape that impedes the
motion of deformation carriers, including dislocations, grain boundaries
(GBs), STZs, or shear bands, thereby elevating strength and promoting

TiVNbHf-O

Growth direction
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sustained strain hardening [19]. In heterostructured materials, inter-
stitial atoms with small atomic radii also tend to diffuse under stress
gradients and their enrichment in the soft phase effectively strengthens
it [20], while diffusion-induced stress relaxation dissipates local stress
concentrations [21]. Compared with conventional interstitial strength-
eners such as carbon [22], nitrogen [23], and boron [23,24], oxygen
offers a particularly attractive balance between strength and ductility
[14-16,25,26].

Therefore, inspired by chemical partitioning in C/A NLs [9], we
employ oxygen as an alternative modulator, which significantly en-
hances the chemically adaptive response. Here, we exploit these effects
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Fig. 1. Microstructure and composition of as-deposited C50/A50 NLs. (a) Typical cross-sectional BF-STEM image. SAED pattern (inset) shows a diffuse
amorphous ring and sharp rings from the FCC {111}, {200}, {220}, and {311} planes. (b) HRTEM image showing the maze-like pattern of the amorphous TiVNbHf-O
layer. Inset is the corresponding fast Fourier transform (FFT) image. (c) HAADF-STEM image revealing an FCC nanocolumnar grain in the crystalline FeCrNi-O layer,
with a high density of SFs and NTs. The corresponding FFT pattern is shown in the inset. (d) Magnified HAADF-STEM image of the region marked by the red frame in
(c) showing two Shockley partial dislocations with bp = a/6 [21 1] coexisting with SFs. (e) Grain size (columnar width) distribution of the nanograins in FeCrNi-O
layer. (f) Individual 3D elemental mappings. (g) 1D compositional profile across the region indicated by the arrow in combined 3D reconstructed APT sample (inset).
(h) 1D compositional profile across a crystalline layer (marked by an arrow in inset), showing spatial correlation between Cr and O. The light shadows of the curves
in (g) and (h) indicate statistical errors in terms of the standard deviations.
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in C/A NLs where both constituent phases accommodate substantial
interstitial oxygen. Oxygen is expected to preferentially segregate at
CAIs without necessarily causing embrittlement. During deformation,
dislocations activated at the CAls can drag oxygen from the CAls and the
oxygen-rich amorphous layers into the adjacent crystalline layers. Such
dynamic partitioning could relieve interfacial stress, enhance intralayer
chemical inhomogeneity, and contribute to solid-solution strengthening,
thereby reducing stress concentrations and promoting cooperative
deformation. Based on this concept, the present work aims to explore
oxygen dynamic partitioning as a strategy for designing chemically
adaptive NLs that simultaneously achieve high strength and substantial
deformability across diverse alloy systems.

Results
Microstructure and chemical analysis of the as-deposited C/A NLs

Three different architectures of oxygen-doped C/A NLs were fabri-
cated with a fixed amorphous layer thickness of 50 nm and varying
crystalline layer thicknesses of 25 nm, 50 nm, and 100 nm, designated as
C25/A50, C50/A50, and C100/A50, respectively. Corresponding cross-
sectional scanning electron microscopy (SEM) images are provided
(Fig. S1). The C50/A50 NLs was selected as the model system for
detailed structural and chemical analysis. Transmission electron mi-
croscopy (TEM) morphology of the C50/A50 NLs reveals a well-defined
lamellar microstructure with flat heterogeneous interfaces perpendic-
ular to the growth direction (GD), with individual layer thicknesses of
approximately 47 nm and 46 nm (Fig. 1a, Fig. S2). The corresponding
selected-area electron diffraction (SAED) pattern shows distinct {111},
{200}, {220}, and {311} peaks, along with a diffuse amorphous ring,
consistent with the XRD results (Fig. S3), indicating a FCC/amorphous
dual-phase structure without formation of oxides or other secondary
phases. The FCC lattice parameter is measured to be 3.65 A, exhibiting a
~ 1.39% expansion relative to pure FeCrNi (3.60 A) [27]. A high-
resolution TEM (HRTEM) image of the amorphous layer (Fig. 1b),
further confirming its structure nature. The high-angle annular dark-
field scanning TEM (HAADF-STEM) images of the crystalline layer
reveal a nanocolumnar grain structure enriched with stacking faults
(SFs) and nanotwins (NTs) (Fig. 1c, Fig. S4). Furthermore, a magnified
view of the SF-rich region reveals the presence of Shockley partial dis-
locations with a Burgers vector of bp = a/6 [21 1] (Fig. 1d). Such a
microstructure is typical for metals with low stacking fault energy (SFE)
(e.g., 40 mJ/m? for FeCrNi [27]) fabricated under the high cooling rate
of approximately 10'° K s™! in sputter deposition [28,29]. Statistical
analysis of the grain size (i.e., the width of the columnar grains) yields
an average value of 7.4 nm (Fig. 1e). Atom probe tomography (APT)
results reveal that the average compositions of the crystalline and
amorphous layers are Feyg67Cr27.61Ni37.0205.40Ti0.12V0.02Nbo.11Hfo.05
(at.%) and Tizs.91V16.7aNb20.90Hf13.16010.47F€0.29Cr0.50Ni2.03 (at.%),
respectively, indicating atomic intermixing during deposition [3,9]
(Fig. 1f). The diffusion of Fe, Cr, and Ni into the amorphous TiVNbHf-O
layers is more pronounced than the reverse diffusion of Ti, V, Nb, and Hf
into the crystalline FeCrNi-O layers. This asymmetric interdiffusion
behavior during deposition can be attributed to the smaller atomic sizes
of Fe, Cr, and Ni [9], as well as the higher diffusivity of atoms within the
crystalline layers, which contain a high density of defects, compared
with the amorphous layers. In addition, oxygen segregation was
observed at the CAIs, especially at interfaces where a crystalline layer
sits above an amorphous layer (Fig. 1g). Due to the incorporation of
oxygen, nanoscale intralaminar chemical inhomogeneity in crystalline
layers is clearly observed. The elemental concentration profile perpen-
dicular to the GD (Fig. 1h) shows that Cr and O exhibit correlated spatial
variations, i.e., their concentrations increase or decrease simultaneously
within the nominal composition [18]. This chemical inhomogeneity
likely stems from the strong affinity between oxygen and Cr [32]. For

Materials Today 99 (2026) 103450

comparison, another alloy system, i.e., crystalline CoCrNi-O/amorphous
TiZrNbHf-O NLs with comparable layer thicknesses of ~ 60 nm, were
also deposited, and they exhibit similar laminated microstructures and
elemental distributions (Fig. S5).

Mechanical properties

Micro-compression tests were conducted to evaluate the mechanical
properties of the C/A NLs, monolayer crystalline FeCrNi-O, and amor-
phous TiVNbHf-O films. The initial micro-pillar morphologies before
compression tests are provided (Fig. S6). Each compression test was
repeated three times. Representative engineering stress—strain curves
and the corresponding post-compression morphologies of the micro-
pillars are presented (Fig. 2a-b). Notably, even the monolayer crystal-
line FeCrNi-O sample exhibits fine, dense serrations in the stress—strain
curve, similar to those observed in the C/A NLs (Fig. 2a). In contrast to
the large stress drops typically associated with shear banding behavior
[33,34], these serrations are likely resulted from dislocation motion and
the activation of slip systems within the crystalline layers during plastic
deformation, as observed in previous studies [3,35,36]. The amorphous
TiVNbHS-O alloy exhibits the highest yield strength (oy) of 5.02 £ 0.06
GPa among the tested materials, but undergoes inhomogeneous defor-
mation characterized by extensive shear bands (Fig. 2b;). In contrast,
the monolayer FeCrNi-O alloy, which has the lowest yield strength (2.83
+ 0.13 GPa), deforms smoothly without shear bands (Fig. 2bs), indi-
cating a superior capacity for uniform plastic deformation [37]. The
yield strength of the C/A NLs falls between those of the amorphous
TiVNbHf-O and nanocrystalline FeCrNi-O alloys. To benchmark the
mechanical performance, the yield strength of the C/A NLs was
compared with the rule of mixtures (ROM) prediction. A positive devi-
ation is observed, indicating properties superior to a simple average of
the constituents (Fig. S7), which suggests a marked effect of interfaces
on the mechanical properties [8,38,39]. Specifically, the C25/A50 NLs
exhibit a yield strength of 4.30 + 0.05 GPa. Although no obvious stress
drops are observed in the stress-strain curve, the compressed pillar
shows inhomogeneous deformation (Fig. 2bs), manifested as lateral
deflection rather than global compression, with trans-layer shear band
observed at the bent region [6,40]. When the crystalline layer thickness
increases to 100 nm (C100/A50 NLs), the yield strength decreases to
3.63 £ 0.13 GPa due to the increased volume fraction of the crystalline
phase, while the capacity for uniform deformation is retained (Fig. 2by).
In stark contrast, the C50/A50 NLs, despite having a larger crystalline
phase fraction than C25/A50, achieve the highest yield strength (4.37 +
0.12 GPa) among the NLs while still deforming uniformly without
visible shear bands (Fig. 2bs-bg; reasons for the absence of shear bands
are detailed in Supplementary Text S1). Therefore, among all the thin
films investigated, the C50/A50 NLs demonstrate the most superior
mechanical properties, characterized by the highest yield strength (4.37
GPa) and a considerable uniform deformation capability (over 50%).
The corresponding true stress—strain curves are displayed in Fig. S8,
demonstrating strain hardening behavior of the C/A NLs. We also per-
formed in-situ TEM tensile testing to investigate the tensile behavior of
C50/A50 NLs at room temperature (Fig. 2¢). The TEM lamella, with a
thickness of approximately 86 nm, contains four FeCrNi-O/TiVNbHf-O
structural units along the GD, thus representing the average mechani-
cal response of the C/A NLs. The material exhibits obvious strain
hardening, with a yield strength (cy) of 1.07 GPa and a fracture strength
(o) of 1.74 GPa. These outstanding properties are also replicated in the
crystalline CoCrNi-O/amorphous TiZrNbHf-O system even with larger
layer thicknesses (~60 nm), outperforming the oxygen-free counterpart
system (crystalline CoCrNi/amorphous TiZrNbHf NLs with 18/12 nm
layer thicknesses) reported previously [9] (Fig. S9). Therefore, this ox-
ygen engineering strategy proves fundamentally versatility beyond
specific compositions, establishing a universal paradigm for designing
ultra-strong and ductile nanolayered materials. We anticipate wide-
spread technological applications leveraging these oxygen-tailored C/A
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Fig. 2. Improved mechanical properties of the NLs. (a) Representative compressive engineering stress-strain curves of the C/A NLs and monolayer films. (b) SEM
images of the micro-pillars after deformation. Magnified image reveals no presence of shear bands in the C50/A50 sample. (c) Tensile engineering stress—strain curve
showing ~ 4.11% elongation to failure. The insert shows the fracture morphology. (d) Yield strength vs. homogeneous plastic strain of the FeCrNi-O/TiVNbHf-O NLs,
in comparison with previous findings of CCA-based NLs (pink icons) [9,35,41-45] and conventional C/A NLs (blue icons) [5,10,12,44,46-48] tested via micro-
compression. (e) Normalized strength (yield strength/elastic modulus, 6,/E) vs. homogeneous deformation strain of the current studied NLs (C25/A50, C50/A50,
C100/A50, and CoCrNi-O/TiZrNbHf-O), in comparison with the literature reported nanolayered materials [9,10,40,45,46,48-53]. Error bars represent stan-

dard deviations.

nanolaminates, particularly in extreme mechanical environments
requiring supreme wear resistance such as next-generation cutting tools.

The relationship between yield strength and homogeneous plastic
deformation of the C/A NLs is summarized (Fig. 2d), and also compared
with the findings previously reported for CCA NLs [9,35,41-45] and
conventional C/A NLs [5,10,12,44,46-48]. Obviously, our C/A NLs
placed in the upper right corner, particularly the C50/A50 NLs, exhibit a
superior strength-deformability synergy compared to other NLs systems.
This underscores the effectiveness of oxygen-mediated nanolayered
design in overcoming the traditional strength-plasticity trade-off in
CCA-based composite materials. More intriguingly, the normalized
strength, o,,/E (where E represents the elastic modulus, Fig. S10), of the
present FeCrNi-O/TiVNbHf-O and CoCrNi-O/TiZrNbHf-O C/A NLs
reach nearly E/30, substantially surpassing most reported nanolayered
materials [9,10,40,45,46,48-53] (Fig. 2e) and approaches the theoret-
ical strength (~E/10) [54], further demonstrating the synergistic
strengthening effect achieved in such nanolayered structures via oxygen
engineering.

Evolution of microstructure and chemical inhomogeneity during
deformation

Cross-sectional TEM analysis was conducted on the C50/A50 micro-
pillars compressed to an overall engineering strain of 56% to elucidate

the underlying deformation mechanisms (Fig. 3). In the central region of
the sample, the individual layer thickness was reduced to approximately
16 nm, corresponding to a local strain of ~ 70%. Even under such severe
deformation, no shear bands were observed throughout the structure,
and the amorphous/FCC dual-phase structure remains intact, as
confirmed by the inset SAED patterns (Fig. 3a). After deformation, a
large proportion of the original nanocolumnar crystals in the FeCrNi-O
layers transforms into spherical units with an average diameter of ~
5.7 nm (Fig. 3b, Fig. S11), without evidence of grain growth driven by
GB instability [55]. The TiVNbHf-O layers retain a homogeneous
amorphous structure with no evidence of crystallization or amorphous
phase separation (Fig. 3c). Fig. 3d shows the presence of NT, SF and
coexisting Shockley partial dislocations (bp = a/6 [211]), within the
crystalline layer near the CAI after large deformation, confirming that
partial dislocations persistently mediate plastic deformation throughout
the process.

High-magnification HAADF-STEM imaging combined with EELS was
employed to characterize compositional evolution in the deformed C50/
A50 NLs (Fig. 3e). The contrast in the HAADF-STEM image largely de-
pends on the atomic number, whereby the brighter areas correspond to
regions enriched in heavier atoms [56]. To improve the energy resolu-
tion of EELS, the maximum energy loss of the spectrum was set to be
1100 eV (Fig. S12) and only the Ti signal was utilized to represent the
TiVNbHf-O layers. Unlike the sharp CAls in the as-deposited film, the
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Fig. 3. Microstructure and composition of the C50/A50 NLs after compression. (a) HAADF-STEM image of the post-deformed micro-pillar with ~ 56% plastic
strain. The inset shows the corresponding SAED pattern, revealing the constant amorphous/FCC dual-phase structure. (b) Grain size distribution histogram. (c)
HRTEM image of the TiVNbHf-O layer, exhibiting typical amorphous characteristics. The inset displays the corresponding FFT pattern. (d) HRTEM image acquired
near the CAI, with a SF and a NT identified within the crystalline layer. The inset presents a magnified view of the yellow-boxed region, revealing a Shockley partial
dislocation with a Burgers vector of bp = a/6 [211] associated with the SF. (e) High-magnification cross-sectional HAADF-STEM image and the corresponding EELS
mapping of O, Ti, Fe, Cr and Ni in the deformed sample. The white dashed rectangles indicate regions with distinct elemental distributions.

interfacial chemical profile becomes blurred after deformation, sug-
gesting interlayer element mixing. Compared to as-deposited samples,
chemical fluctuations within the crystalline layers, including distinct
(Cr, O)-enriched and (Fe, Ni)-enriched regions, become more pro-
nounced in the compressed samples. Notably, chemical fluctuations are
spatially uniform throughout the crystalline layers and show no corre-
lation with structural features such as GBs or intra-grain defects (e.g.,
NTs and SFs), as confirmed by correlating EELS mappings with HAADF-
STEM images (Fig. 3e). Such nanoscale chemical inhomogeneity can
significantly enhance the flow stress and strain hardening of nano-
crystalline layers through interactions with dislocations and GBs
[57,58]. Conversely, EELS mappings of Ti and O reveal that the amor-
phous layers maintain a chemically homogeneous distribution before
and after deformation, with no formation of oxygen clusters despite with
higher oxygen content (Fig. 3e). This behavior is further confirmed by
binomial frequency distribution analysis based on APT, in which the
elemental concentration distributions in the amorphous layers closely
match the reference binomial random distributions both before and after
deformation, whereas those in the crystalline layers exhibit significant
deviations (Fig. S13). This distinct elemental distribution behavior be-
tween crystalline and amorphous layers primarily arises from differ-
ences in interatomic affinity (particularly for oxygen) and atomic size.
As summarized in Table S1, oxygen exhibits a substantially larger

electronegativity difference with Cr than with Fe or Ni. Moreover, both
Cr and O are relatively small atoms, which facilitates their strong in-
teractions and clustering. In contrast, oxygen shows comparable elec-
tronegativity differences with Ti, V, and Nb. Although a notable
difference exists with Hf, its long-range diffusion is suppressed by its low
concentration and large atomic size, thereby promoting a homogeneous
distribution in the amorphous layer.

The specific elemental composition within the crystalline and
amorphous layers has changed after deformation, with average layer
compositions of Feag 25Cra7.68Ni35.8906.95Ti0.11V0.02Nbo.o7Hfo.03 (at.%)
and Tize.45V17.04Nb19.96Hf11.6709 88F€0.91Cro.74Niz 35 (at.%), respec-
tively (Fig. 4a). Line scans across the deformed sample reveal the pres-
ence of element mixing layers, with thicknesses reaching up to 8 nm in
severely deformed regions, nearly half the thickness of the adjacent
crystalline or amorphous layers. Additionally, the unexpected reduction
of oxygen enrichment at the CAIs after deformation further indicates
that the interfaces dynamically participate in the deformation process,
serving not merely as sinks for defects but also as sources, from which
oxygen is transported away by mobile defects [8]. Interface identifica-
tion was based on Hf content, which exhibits minimal diffusion. Regions
with Hf > 10.00 at.% were defined as amorphous layers, those with Hf
< 0.10 at.% as crystalline layers, and regions with intermediate Hf
content were classified as mixed layers (Fig. 4b). Magnified views of the
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Fig. 4. Quantification of interlayer diffusion and chemical evolution of C50/A50 NLs during deformation. (a) Individual 3D elemental maps of C50/A50 NLs.
(b) 1D compositional profile across APT sample (marked by an arrow in (a)). The intermixed layers were labeled by grey shadows. (c) Specific elemental contents in
the crystalline and amorphous layers before and after deformation. To accentuate the distinct diffusion behaviors, the y-axis is broken from 13.1 to 14.5 at.%, clearly
contrasting the pronounced outward diffusion of Fe, Cr, Ni, and O from the crystalline layer against the minimal counter-diffusion of Ti, V, Nb, and Hf. Error bars
represent standard deviations. (d) 1D compositional profile across a combined 3D reconstructed crystalline layer (marked by an arrow in inset). The light shadows of
the curves indicate statistical errors in terms of the standard deviations. (e) Calculated Cr RDFs from the APT data with Fe, Cr, Ni and O as the center atoms,
respectively, for the C50/A50 NLs before and after deformation. Note that the RDFs are normalized by the averaged composition for the APT-analyzed volume. A
value > 1 indicates enrichment, while a value < 1 indicates depletion of Cr around the central atoms.

element mixing layer before and after deformation are provided in Fig. S14. The observed interdiffusion is primarily attributed to Ni and O,

(Cr, O)-rich clusters

Deformation

—

O O atoms
O Cratoms

(%) Ni, Fe atoms

B
== sFs

— GBs
X Dislocations

Oxygen dynamic
partitioning

Oat.%

Amorphous Amorphous

high

Fig. 5. Schematic illustration of the structure evolution during plastic deformation in the FeCrNi-O/TiVNbHf-O C/A NLs. In the as-deposited C/A NLs (left
panel), the crystalline layers contain SFs and slight compositional fluctuations, specifically (Cr, O)-rich clusters. The average oxygen concentration in the amorphous
layers is higher than that in the crystalline layers, with significantly enrichment at the CAIs. Atoms from the crystalline phase diffuse into the amorphous phase due to
their higher mobility under deposition conditions. Upon deformation (right panel), the moving dislocations cut through the columnar grains and refine them. These
dislocations drag Fe, Cr, and Ni atoms, leading to their continuous diffusion from the crystalline layers to the amorphous layers, with more pronounced in diffusion of
Fe and Ni. Simultaneously, oxygen atoms, driven by the concentration gradient and assisted by stress, diffuse from the amorphous layers and CAIs into the crystalline
layers. After deformation, the average oxygen concentration is lowered in the amorphous layers and increased in the crystalline layers, accompanied by weakened
enrichment at the CAIs. Such oxygen dynamic partitioning amplifies compositional fluctuations (i.e., the growth of (Cr, O)-rich clusters) and drives the progressive
hardening of the softer crystalline layers and promotes effective stress dissipation at the CAls via stress relaxion, collectively enabling synergistic co-deformation of
the two phases.
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which possess the smallest atomic sizes. In the amorphous layer, the Ni
content increased from 2.03 + 0.1 at.% to 3.35 + 0.5 at.%, while the O
content decreased by approximately 1.59 at.%. Correspondingly, the O
content in the crystalline layer increased by about 1.55 at.% (Fig. 4c).
The amplified chemical inhomogeneity in the crystalline layers after
deformation was further quantitatively demonstrated by APT analysis.
Line scan profiles reveal strongly correlated spatial fluctuations of Cr
and O, characterized by synchronous concentration variations
exceeding + 3.44 at.% from the nominal composition (Fig. 4d). The
radial distribution functions (RDFs) in Fig. 4e show that after defor-
mation, Cr becomes markedly enriched around central Cr and O atoms
(normalized concentration > 1), alongside a depletion around central Fe
and Ni atoms (normalized concentration < 1), compared to the pre-
deformation state. This statistically significant anti-correlation pro-
vides strong evidence for the formation of (Cr, O) clusters in the crys-
talline layers during deformation.

Discussion

We employ a schematic illustration (Fig. 5) to describe the
deformation-induced oxygen dynamic partitioning mechanism. In the
as-deposited state, the crystalline and amorphous layers possess com-
positions of Fe-Cr-Ni-O and Ti-V-Nb-Hf-Fe-Cr-Ni-O, with oxygen con-
tents of 5.40 at.% and 10.47 at.%, respectively. The incorporation of
oxygen already induces nanoscale chemical inhomogeneities in the
crystalline phase, forming (Cr, O)-rich clusters that act as local barriers
to dislocation motion [14,19]. In the amorphous layers, directional
oxygen-metal (O-M) covalent bonds are uniformly embedded within the
metallic matrix, substantially strengthening the amorphous phase, as
evidenced by the pure TiVNbHf-O amorphous alloy which exhibits a
compressive strength reaching 5 GPa [13]. Although pronounced oxy-
gen segregation occurs at the CAls, no oxides are formed. Consequently,
the O-M covalent bonds at the interfaces also contribute to enhanced
interfacial bonding [18,25]. The post-deformation depletion of oxygen
at the CAIs further indicates that these oxygen-strengthened interfaces
dynamically participate in the co-deformation of the two phases.

Upon deformation, dislocations nucleate preferentially at the CAls
and glide through the crystalline layers [8], where their motion is
strongly influenced by the heterogeneous chemical environment. When
these dislocations reach the opposite interface, they are either absorbed
or transmitted into the amorphous phase [7,8], thereby providing fast
diffusion channels along which crystalline-phase constituents, especially
Ni, concurrently diffuse from the crystalline layers into the amorphous
phase driven by the chemical potential gradient [6,9]. Meanwhile,
interface-mediated dislocation nucleation can simultaneously transfer
atoms such as oxygen from the amorphous phase and CAls into the
crystalline layers [6,29]. Unlike the transport of Ni, the diffusion of O
from the amorphous phase and CAls into the crystalline layers is pri-
marily dragged by dislocations, proceeding uphill against the chemical
potential gradient due to its greater affinity for the amorphous-phase
constituents [59,60]. Although the energy barrier between the crystal-
line and amorphous layers can reach approximately 276.45 kJ/mol, the
5-8 nm thick CAI acts as a diffusional step that smooths the gradient
over a finite distance, such that over one Burgers vector (bp = 1.49 A) the
barrier is reduced to only about 8.24 kJ/mol. This value is substantially
lower than the interaction energy E; (—53.64 kJ/mol, derived from the
Cottrell-Bilby model [61]) between oxygen atoms and the stress field of
an edge dislocation, which not only enables strong oxygen segregation
but also facilitates the dragging of oxygen atoms from the amorphous
layers into the crystalline layers during deformation. Thus, this
dislocation-assisted atomic transport establishes the CAIs as active
channels for mass exchange, leading to progressive interfacial broad-
ening, chemical intermixing, and stress relaxation [21]. Further details
on the dislocation dragging mechanism are provided in Supplementary
Text S2.

As a result, the elemental distribution evolves significantly during
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deformation: Ni content in the amorphous layers increases (from 2.03 to
3.35 at.%), while oxygen content decreases (from 10.47 to 9.88 at.%),
whereas the crystalline layers experience a pronounced oxygen enrich-
ment (from 5.40 to 6.95 at.%). This redistribution reflects the contin-
uous interaction between dislocations and interfaces, which drives
chemical equilibration across the CAls. The elevated Ni content in the
amorphous layers increases the negative mixing enthalpy, thereby sta-
bilizing the amorphous structure [9]. Meanwhile, oxygen enrichment in
the crystalline layers induces lattice distortion and exerts a strong
pinning effect on dislocations. According to the Fleischer-Friedel strong-
pinning model, the oxygen content increase from 5.40 to 6.95 at.% in
the FeCrNi layers raises the critical resolved shear stress (CRSS) by
approximately 230 MPa [62,63]. Accounting for a Taylor factor of
2-3.06, this corresponds to an increment in the yield strength of the
crystalline layers of 460-704 MPa (see Supplementary Text S3 for de-
tails). Beyond this solid-solution strengthening, the chemical bonding
between oxygen and the matrix elements, together with the amplified
chemical fluctuations, creates a rugged energy landscape for dislocation
motion, further enhancing both the strength and the work-hardening
capacity of the crystalline layers [15]. In addition, the increased oxy-
gen segregation at GBs stabilizes the nanocrystals and suppresses GB
activity-induced softening [18]. Consequently, dislocations experience
frequent pinning, reconfiguration, and trapping at both lattice defects
and interfaces, leading to reduced mobility and sustained strain
hardening.

At the same time, the evolving interface chemistry improves the
mechanical compatibility between the crystalline and amorphous pha-
ses. The reduction in modulus and strength mismatch alleviates stress
concentrations at the CAls, suppresses interfacial failure, and promotes
efficient load transfer [45,64]. Moreover, the CAls function as contin-
uous sources and sinks for dislocations, regulating their density and
preventing excessive accumulation within the crystalline layers [8]. This
dynamic balance between dislocation emission, absorption, and
interface-mediated transport ensures stable and distributed plastic
deformation [9,65].

In addition, the strong coupling between dislocation activity and the
amorphous phase deformation suppresses shear band formation. The
absorption and transmission of dislocations at the CAIs promote the
activation of distributed STZ in the amorphous layers, rather than
localized shear bands [8]. As a result, the high-strength amorphous
phase, the continuously hardening crystalline phase, and the chemically
and structurally evolving interfaces act cooperatively to enable homo-
geneous plastic deformation.

In summary, the exceptional mechanical performance of the C50/
A50 nanolaminates originates from the interface-governed interaction
between dislocations and chemical partitioning. The CAIs mediate
dislocation dynamics, drive atomic redistribution, and reduce mechan-
ical incompatibility between phases, thereby enabling coordinated
deformation. This synergistic mechanism underpins the simultaneous
achievement of ultrahigh strength and large uniform deformability in
these C/A NLs.

Conclusions

In summary, we demonstrate a design strategy that moves beyond
the conventional static architecture of C/A NLs into chemically adaptive
systems through oxygen dynamic partitioning. By harnessing interstitial
oxygen as an in situ chemical modulator, the FeCrNi-O/TiVNbHf{-O
system undergoes continuous oxygen redistribution from the amor-
phous to the crystalline layers during deformation. This dynamic
chemical evolution progressively strengthens the crystalline phase and
narrows the property gap between the two constituents, enabling co-
ordinated deformation across the interfaces. The resulting C/A NLs
exhibit excellent mechanical properties with ultra-high strength and
large plastic strain, outperforming state-of-the-art high-performance
NLs. Especially, the C50/A50 NLs achieve an exceptional combination of



X. Yuetal

near-theoretical yield strength (4.37 GPa, ~E/30) and extensive uni-
form deformability (exceeding 50%) under compression, with no signs
of shear localization. Beyond the specific system studied, this approach
offers a versatile design route that leverages dynamic chemical effects to
create nanolayered materials capable of adapting under mechanical
loading. This work also provides impetus for their potential applications
in coatings, micro-electromechanical systems, and flexible devices.

Methods
Materials preparation

The FeCrNi-O/TiVNbHf-O and CoCrNi-O/TiZrNbHf-O C/A multi-
layer films were deposited on Si (100) substrates by direct current
magnetron sputtering at room temperature. (FeCrNi)ogO2 (at.%),
Ti3gV15NbosHf2103 (at.%), (CoCrNi)g90q (at.%), and
TizpZrooNbosHf20O3 (at.%) alloy targets were used for alternating
sputtering. The oxygen content in the alloy targets was measured using a
LECO ONH836 analyzer. During sputtering, the power of the two targets
was switched between on and off for 30 s. The background vacuum was
8 x 10 Pa and the Ar working pressure was 0.3 Pa. The distance be-
tween substrates and targets was 120 mm and the sputtering power was
60 W. During sputtering, the substrates were rotated at a rate of 10 r/
min without applying bias voltage. For FeCrNi-O/TiVNbHf-O NLs, the
thickness of the crystalline FeCrNi-O layer was varied between 25, 50,
and 100 nm, and the thickness of the amorphous TiVNbH{-O layer was
fixed at 50 nm. Accordingly, the samples are termed as C25/A50, C50/
A50 and C100/A50, respectively. For CoCrNi-O/TiZrNbHf-O NLs, the
thickness of CoCrNi-O and TiZrNbHf-O are 57 nm and 63 nm, respec-
tively. For comparison, FeCrNi-O, CoCrNi-O, TiVNbHf-O, and TiZrNbHf-
O monolayer films were prepared on the same substrates using identical
conditions. The total thickness of all deposited films was 1.4-1.8 pm.

Structural characterization

To examine the phase structure and crystallographic texture of the
films, X-ray diffraction (XRD) was performed at room temperature using
a Rigaku Smartlab 9 kW device with Cu-Ka radiation to examine the
microstructure. The incidence angle was 0.8° and the scan speed was 5°/
min. Microstructures and phase analysis of the films were examined by
transmission electron microscopy (TEM, JEOL F200 microscope oper-
ated at 200 kV) and spherical aberration-corrected STEM (JEOL JEM-
ARMS3O00F, operated at 300 kV) equipped with EELS. The TEM sam-
ples were prepared using a focused ion beam (FIB) workstation (Helios
NanoLab 600i). The final milling was performed at 2 kV and 23 pA,
ensuring minimal FIB-induced damage.

Elemental composition analysis at the atomic scale

Atom probe tomography (APT) (CAMECA LEAP 4000X HR) was
employed to detail the elemental compositions of the NLs. The speci-
mens were analyzed under laser mode at a temperature of 50 K, with a
pulse energy of 60 pJ, an evaporation detection rate of 1% atom per
pulse, and a pulse rate of 200 kHz. Data analysis and three-dimensional
(3D) atom map reconstruction were performed using the CAMECA IVAS
3.8 software. The APT samples were fabricated using annular milling in
a FIB workstation, wherein the current was progressively reduced as the
specimen diameter decreased. The final parameters used for cleaning
were 2 kV/23 pA.

Mechanical property characterization

Nanoindentation tests were performed using a Berkovich diamond
indenter with a tip radius of ~ 100 nm on a commercial nanoindentation
system (Hysitron TI 980 TriboIndenter, Bruker) at room temperature.
The tip area function for the Berkovich tip was carefully calibrated on a
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fused silica standard sample before running the tests. The thermal drift
was maintained at 0.05 nm/s for all experiments. The experiments were
carried out using continuous stiffness measurement (CSM) in load-
controlled mode with a peak load of 8 mN at an applied strain rate of
0.1 s''. Nine indents were performed on each sample to obtain the
average hardness (H) and reduced modulus (E,).

The compressive performance of the films was measured using a
Hysitron TI 980 TriboIndenter (Bruker) by employing a flat diamond tip
with a diameter of 10 pm at room temperature. The tests were conducted
in feedback-enabled displacement-controlled mode at a specified nom-
inal strain rate of 3 x 107> s™!. To enhance the reliability of the
experimental results, three repeated tests were conducted for each
diameter micro-pillars under the same conditions. Micro-pillar samples
with a diameter of ~ 600 nm and an aspect ratio of ~ 2 were prepared by
dual-beam focused ion beam/scanning electron microscopy (FIB/SEM,
Helios NanoLab 600i). The taper angles were smaller than 2.5°, mini-
mizing the impact of pillar geometry. The stress was calculated by:
4P/[n(Do + 2dtan9)2] [66], where P is the load, Dy is the tip diameter, d
is the tip displacement, and @ is the taper angle. The strain was calcu-
lated from the ratio of the recorded displacement data to the height of
the unloaded pillars after taking into account the machine and substrate
compliance [67]. The morphology of the micro-pillars prior to and after
the deformation was observed by secondary electron imaging mode and
backscattered electron imaging mode of a SEM (ZEISS Gemini 300).

In-situ TEM tension

The tensile specimen was prepared using focused ion beam (FIB)
milling with a Helios 5 Plasma FIB (PFIB, Thermo Fisher Scientific),
which operates with xenon ions. A lamella was extracted from the
multilayer system using ion beam currents ranging from 15 nA to 1 nA at
30 kV, and was transferred onto a push-to-pull MEMS chip (Hysitron,
Bruker) using FIB-assisted chemical vapor deposition of tungsten. Final
thinning and polishing of the specimen were conducted directly on the
MEMS chip, with progressively lower ion beam currents from 300 pA at
30 kV down to 20 pA at 2 kV, to minimize FIB-induced amorphization
of the specimen. The final sample thickness was 86 nm. The specimen
was shaped into a dog-bone geometry using a 10 pA beam at 30 kV.
Special care was taken to limit ion beam exposure and reduce damage
from irradiation.

In-situ tensile testing was carried out on a JEOL JEM 2200FS TEM
operating at 200 kV. The microscope is equipped with a 4 k CMOS
camera (TVIPS XF416) for high-resolution imaging. Mechanical testing
was performed using a Hysitron PI95 nano indenter (Hysitron, Bruker),
allowing simultaneous recording of load and displacement. The test was
conducted in displacement-controlled mode at a rate of 1.0 nm-s ’,
corresponding to a nominal strain rate of approximately 1 x 103 s~ L.
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