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A B S T R A C T   

Additive manufacturing of directionally solidified Ni-based superalloys faces at least two critical obstacles, 
namely, the formation of stray equiaxed grains and the susceptibility to cracking; circumventing both of these 
simultaneously is considered difficult. In this study, a comparative study of a non-weldable superalloy IN738 
fabricated through the laser directed energy deposition (DED) without preheating the base plate and the electron 
beam powder bed fusion (EB-PBF) with preheating up to the upper bound of ductility dip temperature range was 
performed. With appropriate process parameters, a steep and unidirectional temperature gradient, a sufficiently 
high cooling rate at the liquid/solid interface, and a relatively low cooling rate at the γ′ solvus are obtained 
simultaneously in the EB-PBF process. The prevalence of these conditions results in the growth of well-aligned 
columnar dendrites, mitigates the elemental segregation, reduces the built-in microscopic defects, and lowers 
the stored deformation energy. Consequently, cracking is successfully prevented and reasonable room temper-
ature tensile properties are achieved in the as-printed EB-PBF product. Moreover, recrystallization is not trig-
gered during the post-printing heat treatment, and thus the <001> fiber texture is preserved. This study provides 
a detailed understanding of the critical factors that need to overcome for producing directionally solidified su-
peralloys through additive manufacturing.   

1. Introduction 

Directionally solidified (DS) superalloys are widely used as aircraft 
engine blades because they possess superior performance at elevated 
temperatures compared to their polycrystalline analogues, mainly due 
to the [001] oriented columnar grains and the elimination of transverse 
grain boundaries. Metal additive manufacturing (AM), also known as 3D 
printing, promises unprecedented capacity to produce structural com-
ponents with complex geometries [1–3]. The application of AM to 
manufacture the DS Ni-based superalloy components is attractive—both 
from the manufacturing of new components and the repair of those 

damaged during service perspectives—and hence garnered considerable 
interest over the past couple of decades. However, only a few successful 
cases have been reported so far [4–6]. This is because of the following 
two major challenges, (i) prevention of cracking [7–9] and (ii) precise 
control over the orientation of the columnar grains [10]. As schemati-
cally illustrated in Fig. 1, nearly opposite temperature gradients all 
essential for meeting these two conditions can be satisfied, as detailed 
below. 
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1.1. Cracking prevention 

Ni-based superalloys with Ti + Al > 6 wt% are considered non- 
weldable because of their cracking susceptibility during welding [9, 
11,12]. Since AM processes such as laser powder bed fusion (L-PBF) and 
e-beam powder bed fusion (EB-PBF) are akin to welding—in terms of the 
beam/alloy interactions and the principal mechanisms of solidification 
that prevails, it is widely acknowledged that the alloys amenable to 
welding are also those amenable to AM using these techniques. Different 
cracking mechanisms, generally classified into either hot cracking or 
solid-state cracking, have been identified in previously published studies 
on superalloys [8,9,13–15]. The driving force for both these kinds of 
cracking has origins in the tensile stresses that are caused by the high 
cooling rates intrinsically associated with the specific AM processes 
[16], the volume change accompanied by the phase transition from the 
γ-matrix to the γ′-Ni3(Al, Ti, Ta) precipitates [17], and the stress field 
surrounding the built-in structural defects such as vacancies and dislo-
cations. As suggested by prior experimental and numerical in-
vestigations [18–20], preheating the base plate to a high homologous 
temperature is effective to prevent cracking as a consequence of 
decrease in temperature gradient and thus stresses. Detailed studies 
indicate that the preheating temperature needs to be similar to or even 
higher than the ductility-dip temperature range (DTR), which is 
approximately 50–80 % of the melting temperature (Tm) [19,21]. To 
suppress hot cracking, it is also important to mitigate the elemental 
segregation between the dendrite cores (DCs) and the interdendritic 
regions (IRs), so as to prevent the formation of low melting point liquid 
films. 

1.2. Columnar dendrite growth 

The preservation of the [001] oriented columnar dendritic micro-
structure aligned with the building direction (BD) is a prerequisite for 
the AM of DS superalloys. It is thus essential to maintain a sufficiently 
large ratio of temperature gradient to crystal growth velocity at the 
liquid/solid interface [22], and a steep temperature gradient parallel to 
BD, i.e., a shallow melt pool with a large width to depth ratio [23,24]. In 
this case, the directional growth is realized on a DS or single crystal 
superalloy base plate whose surface normal is parallel to the crystallo-
graphic [001] direction [21,25,26]. Even with a polycrystalline base 
metal, DS or single crystalline microstructure can be obtained beyond a 
certain build height [10,27,28], similar to the orientation selection 
process of the Bridgman method. In some cases, however, a perturbation 
in the melt pool alters the local solidification conditions [29] and gen-
erates stray grains [30], which may induce hot cracking along 

high-angle grain boundaries [31,32]. 
In summary, preheating of the base plate helps suppress the cracks. 

However, it may also provoke the formation of stray grains by per-
turbing the steep unidirectional temperature gradient [21]. Recently, 
multiple possibilities for the successful fabrication of crack-free DS and 
even single crystalline Ni-based superalloys through EB-PBF with a 
preheating temperature of ~1000 ◦C were demonstrated [5,10,27,28]. 
These results suggest that with the electron-beam heat source, a steep 
and unidirectional temperature gradient can be achieved despite the 
high-temperature preheating. However, detailed understanding of the 
underlying mechanism and a thorough comparison with laser directed 
energy deposition (DED) are yet to be articulated [33]. 

In this study, the non-weldable IN738 Ni-based superalloy powders 
with Al + Ti > 6.7 wt% were used as the feedstock of AM, given that the 
creep life of IN738 DS turbine blades is superior to their polycrystalline 
counterparts [34]. Both the EB-PBF and DED approaches were utilized to 
uncover the essential factors in the fabrication of crack-free DS grain 
architecture. A comparative study of melt pool geometry, dendrite 
morphology, grain orientation, elemental segregation, solidification 
constituents, and dislocation density in the as-printed samples produced 
through the two AM methods was conducted. Their resistances to 
recrystallization during the post-printing solutionizing heat treatment 
were evaluated. On the basis of these results, the mechanism and 
practical solutions for overcoming the two major challenges facing the 
AM of DS superalloys were proposed. 

2. Materials and experimental methods 

Gas atomized IN738 superalloy powders with the nominal compo-
sition of Ni-0.10 C-0.01B-16.1Cr-3.51Al-3.23Ti-8.49Co-2.09Ta-2.67 W- 
1.83Mo-0.84 Nb (wt%) and a diameter range of 45–105 µm were used as 
the feedstock for both the EB-PBF and the DED processes. Polished 
polycrystalline 304 stainless steel plates were employed as the sub-
strates. As shown in Fig. S1 in the Supplementary Material, a wide range 
of processing parameters were first explored to minimize the density of 
internal defects such as cracks, pores, and the lack of fusion defects. 
Once the crack-free products were obtained using the EB-PBF process, 
the printing parameters were further refined to achieve directional 
dendrite growth. The optimized process parameters for both the ap-
proaches employed in this study are listed in Table 1. 

The DED experiments were carried out with a coaxial powder feeding 
apparatus equipped with a Nd:YAG laser source. Powders were injected 
by high-purity argon gas carrier into the melt pool and finally a bulk 
sample with a size of 55 × 25 × 15 mm3 was fabricated with the layer 
thickness of 500 µm, as shown in Fig. 2b. No preheating was utilized 

Fig. 1. Major challenges faced by the AM of non-weldable DS Ni-based superalloys.  
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during the DED process. 
EB-PBF experiment was carried out in a selective electron beam 

melting machine (Sailong-S200) at a constant accelerating voltage of 
60 kV under a vacuum pressure of 4 × 10− 2 Pa. A bulk EB-PBF sample of 
50 × 10 × 20 mm3 (Fig. 2e) was produced with the layer thickness of 
50 µm. Taking account of the DTR of IN738 to be 509–978 ◦C evaluated 
from its solidus temperature of 1291 ◦C [35], a preheating temperature 
of (950 ± 30) ◦C was maintained during the deposition process. 

For both DED and EB-PBF, the scanning directions of all the tracks 
were identical in a certain deposition layer but reversed between adja-
cent layers, as illustrated in Fig. 2a. To describe the sample geometry, we 
denoted longitudinal (i.e., parallel or anti-parallel to the heat source 
scanning direction), transverse, and building directions as X, Y, and Z in 
this article, respectively. After AM, the YZ planes of samples were me-
chanically ground and finely polished with a 3.5 µm diamond paste. 
After electro-etching in aqueous phosphoric acid (30 vol%) at 5 V for 
5 s, the samples were investigated by optical microscopy and scanning 
electron microscopy (SEM, Hitachi SU6600) under both secondary 
electron (SE) and backscattered electron (BSE) imaging modes. The 
element distribution was examined by using the electron probe micro-
analysis (EPMA, JEOL SuperProbe JXA-8230) and the energy dispersive 
spectroscopy (EDS) at an accelerating voltage of 20 kV. Electron back-
scattered diffraction (EBSD, Bruker e-Flash XS) equipped in a SEM (Zeiss 
EVO10) was used to map the grain orientations in the two samples with 
an identical scan area (1150 × 860 µm2) and step size (4 µm). The EBSD 
samples were prepared by electrochemical polishing in a 10 vol% 
perchloric acid alcohol at the voltage of 25 V for about 20 s. For the 
detailed analysis of the microstructure, a combination of transmission 
electron microscope (TEM, JOEL JEM-2100Plus) and EDS was per-
formed. All the SEM, EBSD, and TEM samples were extracted from the 
DED and EB-PBF bulk samples at the same build height (~4 mm above 
the base plate). 

To evaluate the mechanical properties, dog-bone-shaped tensile 
specimens with a gauge length of 20 mm were machined from the as- 
printed bulk EB-PBF sample (Fig. 2e). The room temperature (RT) uni-
axial tensile tests were performed at a constant displacement rate of 
~1 mm/min until fracture by using an MTS electronic universal mate-
rial testing machine (INSTRON M4206). Because the dense cracks in the 
DED sample (Fig. 2b) lead to the failure to machine a tensile specimen, 
the hardness of the as-printed DED and EB-PBF samples was obtained by 
averaging of at least 5 measurements through a Vickers microhardness 
tester (HV-1000) with a loading of 200 gf and a dwelling time of 15 s. 

3. Results 

3.1. Dendrite morphology and grain structure 

A crack network orienting along both the longitudinal (X) and the 
transverse (Y) directions is observed in the as-printed DED sample, 
regardless of the build height (Fig. 2b). The longitudinal cracks tend to 
propagate along the centerline of melt pools (Fig. 2c). The width and 
depth of the melt pool cross-section are measured to be 2.2 mm and 
0.7 mm, respectively. Note that cracks prevail in all the DED samples 
regardless of different processing parameters. An enlarged view in 
Fig. 2d demonstrates the typical dendritic morphology with an average 
primary dendrite arm spacing (PDAS) of ~7.7 µm. The dendrite growth 
direction varies at different locations of the melt pool; some dendrites 
grew perpendicular to the fusion line while some dendrites exhibit a 
cross-like morphology orienting close to the out-of-plane direction. 

In contrast, no cracks could be detected in the EB-PBF sample 
(Figs. 2e and f). The melt pools, with the cross-sectional geometry of 
0.7 mm width and 0.07 mm depth, are much smaller and shallower than 
those in the DED sample. As seen in Fig. 2f, elongated columnar grains 
are aligned along BD and pass through multiple deposition layers. An 
enlarged micrograph displayed in Fig. 2g shows that each columnar 
grain consists of bundles of well-aligned dendrites. Because of the high 
cooling rates inherent to AM severely suppress the growth of secondary 
dendrite arms, these dendrites are also called cells in some literature. In 
this study, we do not try to distinguish the terms of “cell” and “dendrite”. 
The average PDAS of dendrites in EB-PBF sample is measured to be 
3.1 µm, less than half the PDAS of the DED sample. 

Fig. 3 compares the grain morphology and orientation in the two as- 
printed samples, obtained by using EBSD method. For the DED sample, 

Table 1 
Optimized processing parameters used for the EB-PBF and DED samples.  

Method Preheating 
temperature (◦C) 

Scanning 
speed 
(mm⋅s− 1) 

Beam diameter 
(mm) 

Input 
power (W) 

DED 25  7  2.5  1200 
EB-PBF 950 ± 30  4000  0.6  600  

Fig. 2. Additive manufacturing of IN738 superalloys through DED and EB-PBF. (a) Schematic illustration of the heat source scanning strategy, in which the scanning 
directions are illustrated by dashed arrows. As-printed bulk and optical micrographs of vertical cross-sectional samples fabricated by (b-d) DED and (e-g) EB-PBF. 
Dashed curves in (c-d) and (f-g) indicate the fusion lines. 

X. Dang et al.                                                                                                                                                                                                                                    



Additive Manufacturing 59 (2022) 103095

4

irregular-shaped grains and an intergranular crack are visible in the 
inverse pole figure map along BD (IPF-Z map hereafter) in Fig. 3a. The 
grain orientations are nearly random and show almost no texture 
(Fig. 3b). The same scenario is also observed in the crack-free region 
(Fig. S2 in the Supplementary Material). In contrast, the EB-PBF sample 
consists of columnar grains with preferred elongation direction parallel 
to BD (Fig. 3c), consistent with the observation in Fig. 2f. The vast 
majority of grains depicted in red color have an almost identical 
< 001 > crystallographic direction, resulting in a strong 001 fiber 
texture along BD (Fig. 3d). 

3.2. Elemental segregation 

The EPMA maps displayed in Fig. 4 present the element distribution 
at the dendritic scale in the two as-printed samples. The spatial variation 
in Ti concentration helps identify the dendrite structures, i.e., dendrites 
growing out of the YZ plane result in cell-like contrast in the DED sample 
(Fig. 4a), whereas dendrites run parallel to BD in the EB-PBF sample 
(Fig. 4b). Basically, a similar element partitioning tendency is observed 
in both the samples, namely, γ forming elements (e.g., Cr and W) 
partition to DCs, γ′ forming elements (e.g., Ti and Al) partition to IRs, 
and the dispersed nano-sized carbides in the IRs are rich in Ta, Mo, Ti, 
and W. Unlike the slight segregation of W into DC and Mo into IR in the 
DED sample, these two elements are more homogeneously distributed in 
the EB-PBF sample. Figs. 4c and 4d show the concentration fluctuations 
of Ti and W across multiple dendrites. It is evident that the DED sample 
exhibits a wider IR and a more severe elemental segregation as 
compared to the EB-PBF sample. Note that the oxygen concentration in 
the EB-PBF specimen is notably lower than that in the DED specimen, 
because the vacuum environment of EB-PBF prevents the deposited 

layers from possible high temperature oxidation. 

3.3. Solidification constituents 

As seen in Fig. 5a, the IR of the as-printed DED sample is decorated 
with carbides and γ/γ′ eutectics. An enlarged view, shown in Fig. 5b, 
indicates that the γ′ particles in the IR (~35 nm in diameter) are about 
twice as big as those in the DC (~17 nm in diameter). Particularly, 
heterogeneous structures consisting of carbide shells and spherical Al- 
rich oxide cores are frequently observed (Figs. 5a and c), which is 
consistent with the observed overlaps of the O-rich regions and the 
carbides in Fig. 4a. 

In comparison to the inhomogeneously distributed γ′ precipitates in 
the DED sample, a relatively uniform dispersion of the γ′ precipitates in 
the IR and DC regions is observed in the as-printed EB-PBF sample 
(Fig. 5d). As indicated in Fig. 5e, the γ′ particles in the EB-PBF sample 
are nearly spherical and much larger than those obtained in the DED 
sample. The average diameter of the γ′ particles in the EB-PBF sample is 
measured to be ~152 nm, although a few smaller γ′ particles with sizes 
down to ~60 nm are also found. Besides, γ/γ′ eutectics and carbide- 
oxide heterostructures are absent, as suggested by Figs. 5e and f. 

3.4. Dislocation configurations 

TEM investigation was performed to visualize dislocation configu-
rations in the as-printed samples (Fig. 6). The DED sample stores a 
higher density of dislocations than the EB-PBF sample. By using the line- 
intercept method [36], the dislocation densities in the DED and the 
EB-PBF samples were estimated to be 6.0 × 1013 and 1.8 × 1013 m− 2, 
respectively. The emergence of superlattice peaks in the selected area 

Fig. 3. Grain structure of the as-printed DED and EB-PBF samples. EBSD IPF-Z maps and the corresponding 001 pole figures of the as-printed (a-b) DED and (c-d) EB- 
PBF samples. Two EBSD scans were acquired at the same build height of ~4 mm. Black pixels in (a) are those unsolved spots near the crack. 
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diffraction pattern, shown in the inset of Fig. 6a, confirms the existence 
of the γ′ phase in the as-printed DED sample, although it is nearly 
indiscernible in the BF-TEM images due to its small size. Due to the 
size-dependent dislocation-carbide interaction mechanisms, carbides in 
both samples act as strong barriers to mobile dislocations, evidenced by 
dislocation looping (Fig. 6b), pinning, and bowing (Fig. 6c) behaviors. 
Besides, a low angle grain boundary (LAGB) composed of dislocations is 
also observed in the DED sample (Fig. 6b). 

3.5. Mechanical properties 

The uniaxial tensile tests on the EB-PBF sample (XY plane) at RT 
were carried out with the loading direction along the X-axis. A yield 
strength σYS of 1037.6 MPa, ultimate tensile strength σUTS of 
1210.9 MPa, and uniform elongation εUE of 10.3% were obtained 
(Fig. 7). The inset chart in Fig. 7 presents a comparison of σUTS and 
elongation to failure with the previously reported IN738 properties [5, 
14,37–39]. Significantly, the mechanical properties of the EB-PBF 

sample in this work are superior to its DED and cast counterparts, and 
comparable to the reported values for EB-PBF IN738 alloys in the 
literature. Moreover, the average microhardness measured on the 
EB-PBF sample (522.2 ± 10.8 HV) is much higher than that measured on 
the DED sample (424.6 ± 9.2 HV). 

4. Discussion 

In the previous section, it has been demonstrated that a simultaneous 
achievement of directional growth of columnar dendrites and crack 
prevention is realized through the EB-PBF approach. The underlying 
mechanisms are discussed in the following. 

4.1. Columnar dendrite growth 

4.1.1. Magnitudes of temperature gradient and growth velocity 
Although in-situ investigations of the morphological evolution of 

melt pool during AM have been exploited [40,41], experimental 

Fig. 4. Element distribution in the as-printed DED and EB-PBF samples. EPMA element composition (wt%) maps collected from (a) the DED and (b) the EB-PBF 
samples. Linear profiles showing the concentration variances of (c) Ti and (d) W. Individual profiles represent averages of five parallel lines near the dotted ar-
rows highlighted on Ti maps in (a) and (b), respectively. The shadows in (c-d) indicate the interdendritic region. 
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Fig. 5. Solidification constituents in the as-printed DED and EB-PBF samples. SE-SEM images showing the distribution of solidification constituents in the (a-b) DED 
and (d-e) EB-PBF samples. Bright-field (BF) scanning TEM (STEM) images and the corresponding EDS maps showing the element distribution of the carbides in the (c) 
DED and (f) EB-PBF samples. 
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measurements of the temperature gradient (G) and growth velocity (V) 
remain challenging. The current knowledge of how G and V affect the 
solidification microstructure in the AM alloys is mainly based on simu-
lations and empirical models. To elucidate the stray grain formation 

mechanism in additively manufactured superalloys, Gäumann et al. [21] 
postulated the condition for the dendritic growth under the prevailing 
rapid solidification conditions as: 

Gn

V
= a

[ ̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
− 4πN0

3 ln(1 − ϕ)
3

√

⋅
1

n + 1

]n

(1)  

where N0 is the number of nucleation sites, a and n are the material- 
dependent parameters, and ϕ is the local volume fraction of stray 
grains and site-dependent in the melt pool. An area-weighted average 

fraction ϕ
̿ 

is used to assess ϕ value over the entire melt pool [42]. 
Approximate estimates of G and V are utilized in the present study by 
using N0 = 2 × 1015 m− 3, a = 1.25 × 106 K3.4⋅m− 1⋅s and n = 3.4, which 
are assumed identical to those reported for the same alloy system 
fabricated by both DED [21] and EB-PBF [43]. 

Stray grains are identified if they have a large misorientation (> 15◦) 
relative to the single crystal matrix, while this criterion does not work 
for DS superalloys in which multiple crystal grains are aligned with their 
[001] crystallographic direction approximately parallel to BD. Ragha-

van et al. [43] derived the value of ϕ
̿ 

by quantifying the area fraction of 
equiaxed grains based on a grain aspect ratio filter in a polycrystalline 
superalloy fabricated by EB-PBF. However, this approach fails to iden-
tify misoriented columnar stray grains that grow at a large deviation 
angle against the common [001] direction of other columnar grains 
[44]. Consequently, in this study, the stray grains are identified if they 
deviate in excess of the threshold angle of 15◦. The deflection angle 

Fig. 6. TEM investigation of the as-printed DED and EB-PBF samples. Dislocation configurations in (a-b) the DED sample along [111] zone axis and (c-d) the EB-PBF 
sample along [001] zone axis, respectively. 

Fig. 7. Stress-strain curve of the room temperature tensile test of the as-printed 
EB-PBF sample. Inset showing the comparison with other IN738 alloys fabri-
cated by DED [14,37,38], EB-PBF [5], and conventional casting [39] reported 
in the literature. 
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(Fig. 8), defined as the minimum angle between BD and the six 
<001> axes in each grain, is calculated by a home-made software 

XtalCAMP [45]. Accordingly, ϕ
̿ 

values of the DED and the EB-PBF 

samples are computed to be 0.91 and 0.04, respectively. The ϕ
̿ 

value 
of the EB-PBF sample is even smaller than the best columnar dendritic 

microstructure (ϕ
̿ 
= 0.05) obtained by Gäumann et al. [21]. Although 

some fine stray grains relevant to the fluctuations in the solidification 
conditions [12] are found in the EB-PBF sample (Fig. 3c and Fig. 8b), 
their low volume fraction makes them acceptable in a DS superalloy 
[46]. 

It is widely accepted that PDAS (λ) can be well predicted in terms of 
cooling rate at the liquid/solid interface Cl/s, or the multiplication of G 
and V. The relation can be expressed by the following empirical formula 
[23]: 

λ = bC− m
l/s = b(GV)− m (2)  

where b and m are material specific constants and reported to be 131.08 
and 0.31 for IN738 superalloy, respectively [34]. 

Combining Eqs. (3) and (4) enables the estimation of the values of G 
and V at the liquid/solid interface (listed in Table 2), which are in good 
agreement with those reported in the same alloy fabricated by DED [47] 

and EB-PBF [10,48]. It is apparent from Eq. (1) that ϕ is inversely pro-
portional to Gn/V ratio and n is larger than 1, suggesting that G exerts a 
more dominant influence than V on the suppression of stray grains. 
Despite the negative effect of preheating on G, the smaller melt pool size 
in the EB-PBF process leads to a higher G value compared to the DED 
process. This, in turn, results in a Gn/V ratio for the EB-PBF process that 
is about two orders of magnitude larger than that of DED process and 
facilitates the formation of columnar dendrites. 

4.1.2. Temperature gradient direction 
During solidification of alloys, dendrite growth is greatly influenced 

by the heat flow direction, which is dependent on the local radius of 
curvature or the width-to-depth ratio of the melt pool [23]. Flat melt 
pool with large radius of curvature or width-to-depth ratio is favored for 
the dendrite growth along BD. From Fig. 2c and f, the width-to-depth 
ratios of the melt pool cross-sections of the DED and the EB-PBF sam-
ples are estimated to be 3.1 and 10, respectively. The flatter melt pool 
bottom of the EB-PBF sample introduces a vertically oriented heat flow, 
which is anti-parallel to BD. It drives the columnar dendrites to grow 
directionally along BD in the subsequent layer deposited (Fig. 2f and g). 
In contrast, the 3D distribution of temperature gradients in the DED 
process, a result of the larger and deeper melt pool, leads to the spatially 
varying dendrite growth directions (Fig. 2d). 

Fig. 8. Evaluation of the volume fraction of stray grains. Deflection angle maps of the (a) DED and (b) EB-PBF samples, respectively, obtained from EBSD scans in 
Fig. 3. The magenta lines delineate the projection of one of the <001> axes closest to BD in each grain. 
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The above discussion suggests that an appropriate heat input, which 
ensures a temperature gradient with a sufficiently large magnitude and a 
vertically-oriented direction, is critical for the AM of DS superalloys. 

4.2. Cracking behavior during the DED process 

4.2.1. Hot cracking 
The initiation of hot cracking requires the coexistence of an inter-

granular low melting liquid film and large tensile stresses. Liquid film 
originates from either the constitutionally undercooled liquid in the 
final solidification stage (i.e., solidification cracking) or the remelting of 
pre-existing low melting phases (i.e., liquation cracking). As seen in 
Fig. 2d, a longitudinal crack along the centerline of melt pool, similar to 
the solidification cracking pattern observed in the fusion welding of 
superalloys [49], occurs. For the layer-wise AM process, however, the 
discrimination between liquation cracking and solidification cracking is 
not straightforward, because the solidification path turns out to be very 
complex under the conditions of melting, remelting, and 
partial-remelting, etc. [9]. 

Fig. 9a shows that a microcrack initiates and propagates along a 
grain boundary that is created by the dendrites diverging at an incli-
nation angle of ~20◦. Such a grain boundary with misorientation angle 
larger than a critical value of ~13◦ has been proven susceptible to hot 
cracking [50]. As shown in Fig. 9b, the elemental partitioning behavior 
in this region is the same as Fig. 4. A higher magnification view of the 
crack indicates the presence of remnant liquid film as well as γ/γ′ eu-
tectics and carbides along the cracked grain boundary (Fig. 9c). 

Given that the grain boundary coincides with IR (Fig. 9a), the 
element concentrations in the IRs and DCs are further analyzed for both 
samples. The partitioning coefficient k, defined as the ratio of 

composition in the DC to that in the IR for several alloying elements of 
IN738, are listed in Table 3. Note that the nominal concentrations of B, C 
are used because of the inaccurate values provided by EPMA. The degree 
of partitioning in the EB-PBF sample (with k values closer to 1) is less 
significant than that in the DED sample. This is because the cooling rate 
at the liquid/solid interface (Cl/s) in the EB-PBF process is about 20 times 
higher than that in the DED process (Table 2). Based on the chemical 
compositions listed in Table 3, non-equilibrium thermodynamic calcu-
lations based on the Scheil-Gulliver model were performed by using the 
JMatPro software [51] to simulate the solidification paths (Fig. 10) by 
retaining only the observed phases, including γ, γ′, and MC-type car-
bides. The nominal concentration of carbon is used because of the 
insufficient accuracy of EPMA for light elements and carbon is omitted 
when calculating the phase diagrams of DC where carbides are absent. In 
this way, key temperatures, including the γ′ solvus (Tγ′), solidus (TS), and 
liquidus (TL), are predicted and listed in Table 4. The interdendritic 
segregation not only lowers the TS and TL but also enlarges the solidi-
fication range (ΔT = TL − TS), suggesting the stabilization of the inter-
dendritic liquid film at lower temperatures, which, consequently, 
enhances the hot cracking susceptibility [52]. Moreover, the interden-
dritic segregation rises the γ′ solvus, and hence γ′ particles in the IRs stay 
in high temperature range for a longer period. Consequently, they grow 
larger in size than those in DCs of the DED sample (Fig. 5b). 

During the layer-wise deposition of DED process, a liquid film may 
form by complete or partial remelting of grain boundaries and inter-
granular low melting γ/γ′ eutectics in the as-deposited layer. The 
dissolution of MC-type carbides can also contribute to the intergranular 
liquid film [53]. From the above discussion, the observed intergranular 
γ/γ′ eutectics and carbides in Fig. 9c could be a result of the direct so-
lidification from liquid or survived from the partial remelting of the 

Table 2 
Estimation of solidification conditions at the liquid/solid interface.  

Method λ (μm) 
ϕ
̿ G (K⋅m− 1) V (m⋅s− 1) G3.4/V (K3.4⋅m− 4.4⋅s) Cl/s (K⋅s− 1) 

DED  7.7  0.91 6.2 × 105 1.5 × 10− 2 3.3 × 1021 9.3 × 103 

EB-PBF  3.1  0.04 3.5 × 106 5.1 × 10− 2 3.4 × 1023 1.8 × 105  

Fig. 9. Hot cracking in the as-printed DED sample. (a) BSE-SEM image showing dendritic microstructure near the initiation and propagation region of a hot crack and 
(b) the corresponding EDS maps. (c) SE-SEM image showing the enlarged region marked in (a) with carbides and γ/γ′ eutectics indicated by yellow and green arrows, 
respectively. 
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pre-existing solidification products in the as-deposited layer. 

Consequently, the solidification cracking and liquation cracking mech-
anisms are likely to operate simultaneously during the DED process. 

4.2.2. Solid-state cracking 
In Fig. 11, micrographs of the middle part of another crack in the 

DED sample are displayed. The crack surface, featuring flat crystallo-
graphic facets, is typical of brittle fracture, differing from the hot crack 
surface with a dendritic morphology [8]. It is thus concluded that this 
crack initiates through the solid-state cracking mechanism, relevant to 
either a sudden rise in hardness whilst γ′ precipitates (i.e., strain- age 
cracking) [52] or the intrinsic ductility loss within DTR (i.e., ductility 

Table 3 
Chemical compositions (wt%) of the IR and the DC of DED and EB-PBF samples measured by EPMA.   

Cr Al Ti Co Ta W Mo Nb Ni 

DED IR  14.62  3.83  5.45  8.07  3.32  2.33  1.73  0.66  59.88 
DED DC  16.72  3.6  2.71  8.39  2.41  3.64  1.35  0.56  60.51 
kDED  1.14  0.94  0.50  1.04  0.73  1.56  0.78  0.85  1.01 
EB-PBF IR  14.82  3.88  4.37  8.04  3.21  2.51  1.54  0.64  60.88 
EB-PBF DC  16.76  3.43  2.98  8.41  2.54  2.82  1.41  0.61  60.93 
kEB-PBF  1.13  0.88  0.68  1.05  0.79  1.12  0.92  0.95  1.00  

Fig. 10. Thermodynamic solidification process calculated using Scheil-Gulliver simulation. The predicted solidification paths of (a) the DED and (b) the EB-PBF 
samples, based on the compositions of the DC and IR listed in Table 3. 

Table 4 
Thermodynamic calculations based on the chemical compositions listed in 
Table 3.  

Temperature (◦C) DED IR DED DC EB-PBF IR EB-PBF DC 

γ′ solvus (Tγ′)  1188  1124  1175  1129 
Solidus (TS)  1060  1134  1110  1139 
Liquidus (TL)  1311  1353  1324  1351 
ΔT = TL − TS  251  219  214  212  

Fig. 11. Solid-state cracking in the as-printed DED sample. (a) SE-SEM image and (b) the corresponding EDS maps; (c) SE-SEM image shows the enlarged region 
marked in (a). 
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dip cracking) [13]. 
In the case of AM, the iterative dissolution and re-precipitation of γ′

phases in the as-deposited layer are likely to occur when they are sub-
jected to thermal cycles upon the subsequent layer deposition, which is 
similar to the strain-age cracking formed during the post-weld heat 
treatment [17]. Additionally, when the deposit layer cools down to a 
temperature within DTR, an intrinsic ductility drop occurs. Meanwhile, 
the process induced thermal stresses might promote grain boundary 
sliding and intergranular strain concentration [13,14]. Once the local-
ized strain exceeds a threshold value, cracking initiates readily due to 
the low ductility. The already formed hot crack can also be the source of 
ductility dip cracking, i.e., solid-state cracking may act as a supplement 
to the propagation of a pre-existing hot crack [14]. 

Furthermore, impurities such as oxygen can also cause grain 
boundary embrittlement and promote the initiation and/or propagation 
of cracks. Oxygen diffusion into the grain boundaries favors the dynamic 
grain boundary embrittlement, which can aid in the crack propagation 
[14]. While characterization of the oxides presenting at the cracked 
grain boundaries in laser additive manufactured IN738 alloys has been 
widely reported in literature, there is still a large discrepancy about the 
reported oxide composition. Unlike the as-reported Al/Si/W oxides [54] 
or Ni/Mo oxides [55], the intergranular segregation of Al, O, and C 
(Fig. 11b) as well as the carbide/oxide heterostructures at a cracked 
grain boundary (Fig. 11c) in our DED sample are noticeable. The for-
mation mechanism of such heterostructure is understood to occur as 
following. The Al atoms in the melt pool are oxidized to alumina par-
ticles, which then act as heterogeneous nucleation sites for the formation 
of carbides during solidification [56]. The carbide/oxide hetero-
structures with intrinsically high hardness and modulus [54,55] bring 
forth the localized stress/strain concentration and dislocation tangles 
(Fig. 6b), increasing the susceptibility to cracking. 

4.2.3. Driving force for cracking 
In Fig. 2b, the crack network in DED sample is seen to extend along 

both the longitudinal and the transverse directions. As stated in a pre-
vious study, transverse tensile stresses lead to longitudinal weld 
cracking [57]. During the DED process, thermal shrinkage constricted by 
the already deposited layers and the base plate results in intensive 
tensile stresses on the top deposited layers [9,25]. 

Such stresses can be relieved by the creep deformation of the γ 
dendrites above their solvus temperature [17]. However, below the γ′
solvus, the phase transition stresses induced by a fast γ′ precipitation 
make a significant contribution to the driving force for cracking. Pre-
heating lowers the cooling rate after solidification and the γ′ precipita-
tion rate simultaneously [18]. Thus, the level of γ′ precipitation induced 
stresses can be qualitatively estimated by the cooling rate Cγ′ at the γ′

solvus, which has the following empirical relationship with the γ′ size 
[58]: 

d0 = qC− p
γ′ (3)  

where d0 is the initial γ′ diameter (in nm) precipitating just below the γ′

solvus; the constant values q = 442.5 and p = 0.4605 of U720LI super-
alloys [59] are adopted here. It should be emphasized that the size of the 
γ′ in the EB-PBF sample measured from Fig. 5e is different from d0, 
because γ′ particles grow continuously under the long preheating 
duration (~5 h) at ~950 ◦C during the entire EB-PBF process. Then d0 is 
derived according to the well-known LSW theory [60,61]: 

d3 − d0
3 = kt (4)  

where d is the γ′ diameter after coarsening for a period time t and k is the 
temperature-dependent coarsening rate. Using d = ~152 nm and 
k = 2.1 × 105 nm3⋅h− 1 predicted by the JMatPro software, d0 and Cγ′ of 
the EB-PBF sample are estimated to be ~135 nm and ~13 K⋅s− 1 by using 
Eqs. (1) and (2), respectively. For the DED sample without preheating, 
the as-precipitated γ′ size is assumed to be identical to that in the final 

product. Regarding the different γ′ sizes in the DC and IR (Fig. 5b), Cγ′ of 
the DED sample is calculated spanning from 241 to 1170 K⋅s− 1, much 
higher than that of the EB-PBF sample. Therefore, it is predicted that the 
phase transition stresses accompanied by γ′ precipitation are much 
lower in the EB-PBF sample than in the DED sample. 

The built-in microscopic defects as well as the development of 
thermal stresses during solidification and subsequent cooling process 
can lead to residual stresses in the final part [9]. To evaluate the level of 
residual stresses in the as-printed DED and EB-PBF samples, a 
post-printing solutionizing heat treatment (SHT) at 1120 ◦C for 0.5 h in 
air was employed and the microstructure was examined by EBSD. For 
the DED sample, the solutionizing annealing triggers recrystallization 
(Figs. 12a and 12c) and results in slightly stronger texture than its 
as-printed counterpart, probably due to the formation of coarser grains 
with almost no intragranular misorientations. Plenty of annealing twins, 
corresponding to the peak near 60◦ in the misorientation angle histo-
gram (Fig. 12e), are discernable inside the recrystallized grains. The 
higher stored deformation energy associated with high density of dis-
locations in the as-printed DED sample is responsible for the recrystal-
lization [62]. For the EB-PBF sample, instead, no recrystallization 
nucleus is detected and the DS microstructure is preserved after 
annealing (Figs. 12b and 12d), indicating lower density of microscopic 
defects, lower process-induced thermal stresses, and possibly dynamic 
recovery due to the long-term preheating [63]. 

4.3. Simultaneous achievement of cracking prevention and columnar 
dendrite growth 

In this work, we have demonstrated that a crack-free directionally 
solidified columnar dendritic microstructure of non-weldable DS IN738 
superalloys with reasonable mechanical performance is achievable 
through the EB-PBF approach with dedicatedly tuned process parame-
ters such as input power and scanning speed. The underlying mechanism 
is schematically illustrated in Fig. 13. 

In the previous sections, the cooling rates (indicated by the arrows on 
the cooling curves) at the liquid/solid interface (C1/s) and the γ′ solvus 
(Cγ′) for both the DED and the EB-PBF processes, where C1/s, DED < C1/s, 

EB-PBF and Cγ′ , DED > Cγ′ , EB-PBF, have been estimated. The high cooling 
rate at the liquid/solid interface not only mitigates the elemental 
segregation into IRs and the grain boundaries in the EB-PBF products, 
but also eliminates the formation of low melting point γ/γ′ eutectics, 
resulting in an effective suppression of the hot cracking. Moreover, 
preheating of the base plate significantly reduces the stored deformation 
energy in the as-printed EB-PBF product, which is the driving force for 
both cracking and recrystallization. Meanwhile, the shallow melt pool 
with high width-to-depth ratio during the EB-PBF process creates a steep 
and unidirectional temperature gradient, which facilitates the epitaxial 
growth of columnar dendrites along BD. Besides, the vacuum environ-
ment enforced during the EB-PBF process contributes to the minimiza-
tion of oxides and oxygen impurity, further lowering the risk of solid- 
state cracking. 

5. Conclusions 

A comparative study on AM of non-weldable IN738 superalloy 
manufactured through DED and EB-PBF is performed to gain a better 
understanding of the competition between cracking suppression and the 
directional growth of columnar dendrites. It is demonstrated that the 
properly controlled temperature gradient and cooling rates at the 
liquid/solid interface (Cl/s) and γ′ solvus (Cγ′) are the most important 
factors. The EB-PBF method has advantages over the DED in meeting 
these conditions simultaneously. On the one hand, a high Cl/s is pref-
erential for suppressing the elemental segregation that improves the 
resistance to hot cracking. Preheating near the upper bound of DTR and 
thus low Cγ′ are necessary to reduce the driving force for cracking. On 
the other hand, a shallow melt pool is necessary to create a steep and 
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Fig. 12. Microstructural evolution after post-process solutionizing heat treatment. EBSD IPF-Z map and the corresponding inverse pole figure of the solutionized (a, 
c) DED and (b, d) EB-PBF samples. The {111} twin boundaries are depicted by cyan lines in (a). (e) A statistical analysis of the boundary misorientation angle 
distribution in two solutionized samples. 

Fig. 13. Schematic illustration of the solidification and cooling processes of DED and EB-PBF shows the microstructural evolution and estimated thermal cycle 
curves. The melt pool starts to solidify with the nucleation of carbides and the growth of γ dendrites (state I and II) accompanied by solute partitioning; Below the γ′

solvus (Tγ′), γ′ rapidly precipitates (state III); γ′ coarsening in the EB-PBF sample occurs under the long-term preheating at T0 (state IV). 
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unidirectional temperature gradient, which facilitates the directional 
growth of columnar dendrite along BD. In addition, oxygen that is 
deleterious to ductility and the cohesion of grain boundaries is mini-
mized with the EB-PBF process. Moreover, the low stored deformation 
energy in the as-printed EB-PBF product contributes to the survival of DS 
architecture without recrystallization after SHT, and simplifies the 
design of the post-printing heat treatment protocol. 
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[9] E. Chauvet, P. Kontis, E.A. Jägle, B. Gault, D. Raabe, C. Tassin, J.-J. Blandin, 
R. Dendievel, B. Vayre, S. Abed, G. Martin, Hot cracking mechanism affecting a 
non-weldable Ni-based superalloy produced by selective electron Beam Melting, 
Acta Mater. 142 (2018) 82–94, https://doi.org/10.1016/j.actamat.2017.09.047. 

[10] P. Fernandez-Zelaia, M.M. Kirka, A.M. Rossy, Y. Lee, S.N. Dryepondt, Nickel-based 
superalloy single crystals fabricated via electron beam melting, Acta Mater. 216 
(2021), 117133, https://doi.org/10.1016/j.actamat.2021.117133. 

[11] A. De Luca, C. Kenel, S. Griffiths, S.S. Joglekar, C. Leinenbach, D.C. Dunand, 
Microstructure and defects in a Ni-Cr-Al-Ti γ/γ’ model superalloy processed by 
laser powder bed fusion, Mater. Des. 201 (2021), 109531, https://doi.org/ 
10.1016/j.matdes.2021.109531. 

[12] S.P. Murray, K.M. Pusch, A.T. Polonsky, C.J. Torbet, G.G.E. Seward, N. Zhou, S.A. 
J. Forsik, P. Nandwana, M.M. Kirka, R.R. Dehoff, W.E. Slye, T.M. Pollock, A defect- 
resistant Co-Ni superalloy for 3D printing, Nat. Commun. 11 (2020) 4975, https:// 
doi.org/10.1038/s41467-020-18775-0. 

[13] D. Qian, J. Xue, A. Zhang, Y. Li, N. Tamura, Z. Song, K. Chen, Statistical study of 
ductility-dip cracking induced plastic deformation in polycrystalline laser 3D 
printed Ni-based superalloy, Sci. Rep. 7 (2017) 2859, https://doi.org/10.1038/ 
s41598-017-03051-x. 

[14] X. Zhang, H. Chen, L. Xu, J. Xu, X. Ren, X. Chen, Cracking mechanism and 
susceptibility of laser melting deposited Inconel 738 superalloy, Mater. Des. 183 
(2019), 108105, https://doi.org/10.1016/j.matdes.2019.108105. 

[15] M. Cloots, P.J. Uggowitzer, K. Wegener, Investigations on the microstructure and 
crack formation of IN738LC samples processed by selective laser melting using 
Gaussian and doughnut profiles, Mater. Des. 89 (2016) 770–784, https://doi.org/ 
10.1016/j.matdes.2015.10.027. 

[16] T. DebRoy, T. Mukherjee, H.L. Wei, J.W. Elmer, J.O. Milewski, Metallurgy, 
mechanistic models and machine learning in metal printing, Nat. Rev. Mater. 6 
(2020) 48–68, https://doi.org/10.1038/s41578-020-00236-1. 

[17] L.C. Lim, J.-Z. Yi, N. Liu, Mechanism of post-weld heat treatment cracking in Rene 
80 nickel based superalloy, Mater. Sci. Technol. 18 (2013) 407–412, https://doi. 
org/10.1179/026708302225001633. 

[18] J. Xu, X. Lin, P. Guo, Y. Hu, X. Wen, L. Xue, J. Liu, W. Huang, The effect of 
preheating on microstructure and mechanical properties of laser solid forming IN- 
738LC alloy, Mater. Sci. Eng. A 691 (2017) 71–80, https://doi.org/10.1016/j. 
msea.2017.03.046. 

[19] W. Wang, W. Lin, R. Yang, Y. Wu, J. Li, Z. Zhang, Z. Zhai, Mesoscopic evolution of 
molten pool during selective laser melting of superalloy Inconel 738 at elevating 
preheating temperature, Mater. Des. 213 (2022), 110355, https://doi.org/ 
10.1016/j.matdes.2021.110355. 

[20] Y. Danis, C. Arvieu, E. Lacoste, T. Larrouy, J.-M. Quenisset, An investigation on 
thermal, metallurgical and mechanical states in weld cracking of Inconel 738LC 
superalloy, Mater. Des. 31 (2010) 402–416, https://doi.org/10.1016/j. 
matdes.2009.05.041. 
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